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ABSTRACT
Four alloys with nominal compositions Al-8Fe-4Ni, Al-8Fe-4Ni-2,5Zr, Al-8Fe-4Ni-2.5Zr-iMo and Al- 
8Fe-4Ni-2.5Zr-2V-lMo (wt%) were produced in the form of wedge shaped ingots by chill casting in a 
copper mould and in powder form by high pressure gas atomisation using Helium as the atomising gas. 
Sub-45, sub-50 or +50-100 pm powder size fractions were canned and degassed at 573K, The first two 
alloys were consolidated by hot extrusion at 573K and ER=18:1 and 25:1. The third alloy could be 
extruded at 698K and ER=5:1 while the powders of the fourth alloy were hot pressed at 623K because of  
difficulties with extrusion.
The microstructures at the tips o f the wedge castings could be related to those o f the atomised powder 
particles. Rapid solidification suppressed the formation of AljFe, Al^^Mo and Al^V in the tips of the wedge 
castings and in powder particles up to 200 pm diameter, where the microstructures consisted only o f a-Al 
and AlgFeNi, with some week evidence for possible formation of Llj-AljZr in the larger powder particles. 
Two types of microstructures were observed in the powder particles: Zone A, consisting o f a-Al solid 
solution or microcellular a-Al+AlgFeNi eutectic structures or Zone B consisting o f a-Al+AlgFeNi dendritic 
structures. The transition from Zone A to Zone B microstructures shifted to smaller powder particle sizes 
(from 20 pm to less than 10 pm) or smaller thickness (<300pm) o f the wedge shaped ingots with 
increasing solute addition to the first alloy. In all cases the AlgFeNi phase formed under RS conditions had 
Fe/Ni=2 with solubility for the TM alloying additions.
The microstructure o f the extruded first alloy exhibited bands of finer and coarser structure without any 
remaining undeformed powder particles. The banding effect was far less pronounced in the extrusions of  
the second alloy, where the distribution of the AlgFeNi phase was more homogeneous but there was some 
evidence of non-fully deformed powder particles (<5vol%), which were always small (<10 pm diameter) 
and hard particles exhibiting the Zone A microstructure of the RS powders. In addition to a-Al and 
AlgFeNi, there was a very small volume fraction of. Many undeformed particles, which were associated 
with extended porosity, were also present in the extrusion of the third alloy but bands of finer and coarser 
structure were not visible. The hot pressed powders of the fourth alloy were at best partially deformed and 
had retained their RS microstructure with some present in the as pressed microstructure.
The microstructures of the consolidated alloys were stable after heat treatment at 673K consisting o f a-Al, 
AlgFeNi and Ll^-Al^Zr and with the AlgFeNi phase experiencing some coarsening after lOOOh, especially 
in the first alloy, where also the banded structure disappeared after prolonged treatment.
The Zone A microstrucure was significantly harder than Zone B. The additions o f Zr, Mo and V resulted to 
increases in hardness of 20%, 60% and 110% over the first alloy in the as extruded or hot pressed 
conditions. After lOOOh at 673K the hardness of the first alloy had dropped by 28% and 24% for the 18:1 
and 25:1 extruded materials respectively, with the corresponding values for the second alloy being 17% 
and 11%. The hardnesses of the third and fourth alloys had di'opped by about 15%. Higher tensile 
properties were achieved in the alloys extruded with ER=18:1. The ductilities o f all alloys were poor owing 
to the high volume fractions of AlgFeNi.
The a-Al matrix of the first alloy extruded at ER=18:1 and 25:1 had a fibre texture with crystallographic 
directions parallel to the axis of the bar. The texture became stronger after heat treatment and consisted o f a 
major <111> fibre. Other minor components such as <001> were also detected. Then intensity was 
however fairly small when compared to <111>. On the contrary, altiiough the processing parameters were 
similar, the texture in the as-extruded bar of the second alloy (ER=18:1 and 25:1) was almost random.
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CHAPTER 1 
INTRODUCTION
Aluminium alloys are used in the aerospace industry because of their low densities and 
good mechanical properties. Conventional precipitation hardened A1 alloys of the 2xxx 
and 7xxx series have useful operating temperatures up to 463 K (190°C). Beyond this 
temperature their strengths degrade rapidly. This is because at high temperatures 
precipitation coarsening takes place leading to the formation of large incoherent 
precipitates which contribute very little to the strength of the alloy. Thus, alloys capable 
for operation at high temperatures, such as a , near a , a /p  or p Ti base alloys, are 
normally used with severe cost and weight penalties. Weight savings of up to 15% for 
airframe component structures and up to 35% for engine components could be achieved if 
A1 alloys could replace the a /p  T1-6A1-4V alloy (Langenbeck et al., 1986). The densities 
of some Ti, and PM A1 alloys and the ingot metallurgy 2219 alloy are compar ed in Table 
1.1.
There has been a strong need for the development of dispersion strengthened PM A1 
alloys for use at temperatures up to 673 K (400°C). The property goals set by Lockheed 
for elevated temperature A1 alloys are given in Table 1.2.
Rapidly solidified Al-TM alloys are candidate alloys for high temperature applications. 
A number of potential solutions have been investigated by various companies, such as the 
RS Al-Fe-V-Si alloys developed by Allied Signal, RS Al-Fe-Ce and Al-Fe-Mo developed 
by Alcoa and Pratt and Whitney respectively and RS Al-Cr-Zr-Mn developed by Alcan 
International. The above alloys were processed using powder metallurgy (PM) route 
methods. Of these systems only the Allied Signal alloys have come close to providing a 
material with acceptable properties up to 573 K (300°C). Therefore there is still need to 
explore the possibility of alternative systems.
In this work the Al-Fe-Ni system was chosen because earlier work at the University o f 
Surrey had shown that the Al-8Fe-4Ni alloy is a suitable basis on which further 
developments could be possible with additions of TM such as Zr, Mo, V.
To understand the alloying behaviour under equilibrium and non-equilibrium processing 
The aim of the research described in this thesis is to study the roles of Zr, Mo and V 
solute additions on the processing, microstmcture, hardness and tensile properties of PM 
Al-8Fe-4Ni (wt%) base alloys with volume fractions of dispersoids in excess of about 
30vol% . Thus these alloys could also be described as in-situ PM route A1 alloy matrix 
composites.
The objectives of the research are:
1. To characterise the microstmctures of Al-8Fe-4Ni-X (X=Mo,V,Zr) alloys,
2. To relate the microstmctures of the alloys to the process conditions
3. To relate the microstmctures of the alloys to their hardness and tensile properties
The strategy adopted in order to realise the aim and objectives of this research involved: 
(1 ) the solidification processing o f alloys under equilibrium and non-equilibrium 
conditions, using chill casting and high pressure gas atomisation, (2 ) the consolidation of 
the powders by hot extmsion, (3) the characterisation of the microstmctures of the alloys 
in the as cast, as atomised and as extmded conditions with and without heat treatments 
using a range of experimental techniques which include optical and electron microscopy, 
XRD and DSC and (4) the evaluation of the hardness and tensile properties of the alloys 
at room temperature.
The structure of the thesis is as follows. Chapter 2 briefly reviews some aspects of rapid 
solidification which are relevant to this thesis as well as phase equilibria in binary Al-TM 
(TM =Fe, Ni, Mo, V, Zr) and in ternary Al-Fe-X (X = Zr ,Ni) alloy systems. The 
selection of alloys and their processing are presented in chapter 3 together with details of 
the experimental techniques used to characterise the microstmctures and evaluate the
properties of the alloys. The presentation of the experimental results is done in chapter 4, 
with the XRD data for the alloys given in tables in four Appendixes. The discussion of 
the experimental results is presented in chapter 5 and the conclusions and 
recommendations for fuither work are given in chapter 6 .
Table 1.1: Densities of some Ti and A1 alloys.
Alloy: Density (g/cm^) ref.
Ti-6A1-V 4.43 1
Ti-10V-2Fe-3Al 4.65 1
Ti-15V-3Cr-3Sn-3Al 4.76 1
Ti-6Al-2Fe-0.1Si 4.42 1
Ti-15Mo-3Nb-3Al-0.2Si 4.93 1
Al-8Fe-4Ce 2.96 2
Al-8.5Fe-l.3V-l.7Si 2.93 2
Al-5Cr-2Zr 2.85 2
2219-T 85ir 2.82 2
1 TIMET Co datasheets
2 Lee and Zupon (1988)
* Ingot Metallurgy (IM) alloy
Table 1.2; Lockheed property goals* for elevated temperature A1 alloys (Langenbeck et 
aL, 1986).
T (°C ) YTS 0.2% (MPa) UTS (MPa)
2 0 448 517
150 420 448
232 350 385
315 2 1 0 241
* The alloys should also retain 100% of room temperature strength after either 100 h at 
588 K (315°C) or 1000 h at 505 K (232°C) and below.
CHAPTER 2 
LITERATURE SURVEY
2.1 Introduction
The purpose of the literature survey is to introduce some of the basic concepts of Rapid 
Solidification (RS) processing with special emphasis on High Pressure Gas Atomisation 
(HPGA). More complete treatments of RS can be found in the reviews by Jones (1982), 
Boettinger and Perepezko (1985) and Lavemia et al. (1992). Dispersion strengthened 
alloys will be discussed together with production methods and strengthening 
mechanisms of these alloys. The alloy systems Al-X (X=Fe, Ni, Zr, Mo, V), Al-Fe-Zr 
and Al-Fe-Ni are also discussed in this chapter, because they are relevant to this thesis.
2.2 Rapid Solidification
Lavemia et al. (1992) have defined RS as the rapid extraction of thennal energy 
(superheat and latent heat) during ti ansition from the liquid state at high temperatures to 
solid state at ambient temperatme. Even though the cooling rate is a useful processing 
parameter and is often used to describe RS the solidification rate or solidification front 
velocity is more important as it involves solute diffusion and interfacial kinetic 
processes.
Rapid solidification from the melt has two distinct effects on the stmcture of materials. 
First, the constitutional change is highly system specific and is associated with laige 
departures from equilibrium that can result from tlie large undercoolings applicable at 
the rapidly advancing solidification front. Constitutional effects of rapid solidification 
include extension of solid solubility and foimation of non-equilibrium crystalline 
phases, quasicrystalline phases or non-crystalline solids. The other effect, that of 
microstmctural refinement and remorphologisation, is less system specific and results
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from the short diffusion distances associated with the rapidly advancing solid-liquid 
front (Jones, 1990).
Rapid solidification can be achieved by three basic ways (Jones, 1982):
i. High undercooling prior to solidification
A volume of melt must be undercooled to a temperature where the latent heat released 
can be dissipated within the melt prior to transfer to the surroundings. The solidification 
front can therefore advance at a rate which is independent of the rate of external heat 
extraction.
ii. High velocity of advance during continuous solidification
This can be achieved by withdrawing a thin specimen through a steep temperature 
gradient at a velocity which constrains the solidification front to advance with a planar 
front and with essentially all the heat flow occurring radially.
iii. High cooling rate during solidification
A high cooling rate can lead to a fast advancing solidification fiont directly by a high 
rate of heat extraction to the surroundings or may achieve the same result indirectly by 
first undercooling the melt sufficiently to promote RS during recalescence. This method 
has the advantage that cooling is rapid before, during and after solidification, thus 
retaining the RS microstmcture.
Although cooling rate is a useful parameter, mainly from the processing point of view, 
RS should not always be equated to rapid quenching from the melt. As discussed above 
the solidification rate is a more fundamental concept because it involve interfacial 
behaviour including local solute diffusion and interfacial kinetic processes.
Once solidification has begun the growth conditions at the S/L interface control the 
resultant microstmcture. At low growth velocities the solidification front is planar up to 
the limit predicted by constitutional undercooling (Tiller et al, 1953). This theory has
been an adequate guideline in determining the conditions that result to the liquid layer 
ahead of the S/L interface becoming undercooled due to the rejection of solute by the 
growing interface and the interface becoming unstable with respect to the formation of 
cells or dendrites that protrude in it. As the S/L interface velocity increases the 
solidification mode changes to cellular, dendritic, microcellular and finally to planar 
front. The last transition is known as absolute stability limit. Figure 2.1 shows these 
changes in morphology, with increasing growth velocity in an Al-2wt% Cu alloy (Curz 
and Fisher, 1984).
At high growth rates and high undercoolings a situation can arise where the chemical 
potentials of solid and liquid are not equal across the interface (Baker and Cahn, 1969). 
At these high solidification rates solute can be trapped in the solid at a composition 
higher than the equilibrium value coiresponding to the liquid composition present at the 
interface. This increase in the chemical potential of the solute must be balanced by a 
decrease in the chemical potential of the solvent for solidification to occur. To achieve 
this the interface temperature must lie below the liquidus temperature. In the limit of 
partitionless solidification, where the solid is of the same composition as the liquid at 
the interface, there exists a thermodynamic temperature which is the highest temperature 
at which partitionless solidification can occur. This is known as the T  ^temperature and 
is the temperature at which the molar free energies of the liquid and the solid are equal 
for a given composition (see figure 2.2). The loci of the T  ^ points over a range of 
compositions give the T  ^ curve. This curve always lies between the liquidus and the 
solidus lines.
However, partitionless solidification is not guaranteed by undercooling below the T  ^
temperatme alone as the heat released during solidification may raise the interfacial 
temperature to the point where the interfacial velocities are not fast enough to prevent 
compositional partitioning. Therefore, massive partitionless solidification requires both 
a thermodynamic condition, undercooling below T ,^ and a kinetic condition, 
maintaining an interfacial velocity greater than the diffusive velocity (i.e. solute 
trapping) (Cohen and Flemings, 1985).
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2.2.1. Techniques
Many techniques have been developed to produce RS materials. These techniques have 
been classified by Jones (1976) into three basic groups: chill, weld and spray methods.
In chill methods a thin section of melt is cooled by contact with a much larger substrate 
chill block. Such techniques include the chill casting, melt-spinning, twin piston 
quenching and twin roll quenching.
In weld methods an intense source of directed energy (laser, plasma or electron beam) is 
used for local melting to a shallow depth of metal (typically between 1 0  and 1 0 0 0  pm). 
Heat is then rapidly conducted to the bulk substrate resulting in the rapid solidification 
of the molten film.
In spray methods a liquid stream or film of alloy is broken into small droplets which 
then solidify as powder particles. This process is called atomisation. Commercially 
used methods of atomisation include centrifugal atomisation, vacuum (soluble gas) 
atomisation, water atomisation, spray deposition and gas atomisation.
In all of these techniques the microstmcture is contiolled by an interplay between 
cooling rate melt undercooling and solidification front velocity. The high cooling rates 
are achieved by high efficiency heat sinks such as metal substrates in chill and weld 
methods, or large quantities of fast flowing gas as in atomisation. By dividing the melt 
into small individual parts (as in spray methods) or by having highly localised melting 
(as in weld methods) it is possible to have melt which is free o f sites that catalyse 
nucléation. In this way high undercoolings can be easily achieved.
The methods used in the research described in this thesis are chill casting in a mould and 
gas atomisation. Below we shall concentrate on these two methods.
2.3 Processing
2.3.1 Chill Casting
It has been observed that chill casting in an air (Adkins et al, 1988) or water (Ichikawa et 
al, 1971) cooled wedge shaped copper mould can result in a variety of cooling rates 
which are comparable with those encountered in High Pressure Gas Atomisation 
(HPGA). The cooling rates encountered by a melt In the wedge shaped mould can be 
calculated if the wedge section is approximated to a parallel faced slab of thickness z 
losing heat to its surroundings (assumed to be at a constant temperature, T J equally 
from both sides from an initial temperature Tj at a rate governed by the heat transfer 
coefficient, h^ . The cooling rate, dT/dt in the slab for Newtonian cooling conditions, is 
given by (Jones, 1982):
^ = ^ ( r r T j h .  2^ .7;
dt cz
For the wedge shaped mould of Adkins (1989), using hj 4x10^ W /m \K (Biloni, 1983) 
for liquid metal in contact with a polished metallic mould, the cooling rate will vary 
from 1.6x10^ to 200 K/s assuming an Al alloy poured at 1273 K (1000°C).
The different cooling rates experienced by the melt in the wedge shaped chill mould 
result in a variation of the microstructui e of the cast. In this way it is possible to observe 
the transition of the microstmcture from a microcellular a-Al without intermetallics to 
one containing intermetallics. The critical thickness of the wedge where this transition 
takes place can be measured and the minimum cooling rate for obtaining the 
microcellular intermetallic free a-Al microstmcture can be worked out. It has been 
established (Adkins et al, 1988, Adkins, 1989) that this transition occurs at a wedge 
thickness of 1.6 mm for Al-Cr and Al-Zr based alloys, while in an Al-1.48wt%Hf alloy 
the critical thickness was 9.1 mm (Norman, 1991). This thickness was found to 
decrease as the concentration of alloying elements increased. For an Al-8.40wt%Cr- 
1.23wt%Fe alloy the solute concentration was so high that the transition could not be
observed in the wedge shaped ingot. These observations could be used to construct 
diagrams similar to figure 2.3, which help one to assert the type of microstmctures to be 
obseived in gas atomised powder of a given alloy without performing an atomisation 
experiment.
Ichikawa et al, (1971) used a water cooled copper wedge shaped mould to estimate the 
minimum cooling rates required to form an a-Al supersaturated solid solution (sss) in 
the Al-Mn, Al-Cr and Al-Zr systems,. These cooling rates were 115, 175 and 190 K/s 
respectively.
2,3.2 Atomisation
Atomisation is the break-up of a liquid into droplets and it can be achieved in a variety 
of ways, e.g. by spraying through a pressure nozzle, by pouring on to a rotating disk, 
electi*ostatically and ultrasonically. The practical applications of melt atomisation can 
be divided into two principal areas: powder production and spray deposition (see figure
2.4 a, b) (Yule and Dunkley, 1994).
In gas atomisation the firagmentation of the molten stream is achieved by direct 
impingement with a jet of another fluid such as a pressurised gas which expands through 
a system of nozzles. There are two variants of the method: (a) close-coupled nozzles 
and (b) open or firee fall nozzles. In the first variant there is no gap between the nozzles 
and the melt delivery tube (figure 2.5 b), this has the advantage of minimising the loss of 
kinetic energy of the gas but the melt delivery tube experiences severe cooling and this 
results in the possibility of fieezing of the melt in the tube and high thermal loads. In 
the fi*ee fall arrangement (figure 2.5a) the metal stream falls some distance firom the melt 
tube into the confluence of the gas jets which are not in contact with the melt tube. The 
advantage of this arrangement is that the melt delivery tube is not substantially cooled 
by the gas jets so that freezing and thermal shocks are less severe than before. The 
drawback of this method is that the gas having tr avelled a distance (50-200 mm) before
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hitting the melt has lost some of its kinetic energy (Yule and Dunkley, 1994).
In general gas atomisation is thought to involve thi’ee stages:
1. Formation of a wave on the liquid surface with a particular wavelength and wave 
number
2. Removal of liquid ligaments
3. Spheroidation of these ligaments
The theoretical prediction of the size distribution of atomised powders has not been 
possible to date. The mass median powder size d^  ^has been related with the controlling 
parameters of the atomisation process by empirical equations. One of these is the 
Lubansca (1970) equation, which links with the molten stream diameter d^
d .  = d . K A ( - ^ ) ( l  + ^ ) f '  (2.2)ftgas Jgas
where n„,eu is the kinematic viscosity of the molten alloy, ng^ s is the kinematic viscosity 
of the atomizing gas, is the molten metal flow rate, Jg^  ^ is the atomizing gas flow 
rate, is a constant (usually 50) and We is the Weber number.
Powders with smaller d^ can be produced by decreasing the Jmei/fgas ratio. This can be 
achieved by increasing the gas pressure, reducing the amount of metal delivered at the 
atomisation point or by increasing the gas exit area. However this can lead to freezing of 
the melt in the melt delivery tube during atomisation. The powders produced by 
atomisation exhibit a distribution of microstmcture as well as a size distribution, i.e., 
particles of the same size can have different microstmctures. This is due to the different 
cooling histories of these particles, in-flight collisions with other particles or because of 
the flow pattern in the atomiser vessel may have brought the particles in hot parts of the 
atomiser and thus slow down their cooling.
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2.3.3 Powder Handling and Degassing
A thin film of aluminium oxide is foimed on the smfaces of the gas atomised Al alloy 
powder particles. This oxide layer also absorbs moistuie fiom the atmosphere to form 
hydrated AI2O3
A I 2 O 3 + X H 2 O  —>  A I 2 O 3 .X H 2 O  (2 . 3)
The surface oxide is detrimental to the mechanical properties of the consolidated 
materials. It can reach a thickness of up to 2 nm (Carney et al, 1990), or as high as 
4 nm (Miller et al., 1986), depending on atomisation conditions.
Oxidation of the Al powders is unavoidable since a very low partial pressure of O2 
(?o2= 1 0 ' ‘^  bar) is required to avoid oxidation of Al. However, elimination of physically 
absorbed and chemically bound water is possible. One process by which this can be 
achieved is known as vacuum degassing. In vacuum degassing, powder particles 
compacted in an aluminium can to 65-70% of the theoretical density are exposed to a 
vacuum at a high temperature in order to remove the hydrated layer. The temperature 
used should be equal or higher than the consolidation temperature, otherwise evolution 
of absorbed gases/vapors fiom the powder surfaces during consolidation can result in 
porosity in the consolidated product. However, high degassing temperatures and 
prolonged degassing periods cause excessive coarsening of strengthening dispersoids 
while lower degassing temperatures result in incomplete removal of absorbed moisture 
and gases (K.N.Ramakrishnan, H.B.McShane, 1993). Although most researchers use a 
vacuum of at least 10"^  Torr and a temperature in the range 573-623 K (300-350°C), 
different alloy systems might require different degassing cycles. For example for an Al- 
(4-5wt%)Cr-(1.2-1.7wt%)Zr-(1.0-1.5wt%)Mn a degassing cycle of 30 min at 573 K 
(300°C) was used after monitoring the decomposition reaction of AI2O3.3 H2O in a 
sensitive microbalance figure 2.6(Miller et al., 1986).
During degassing water vapour evolves at temperatures up to 623 K (350°C) as a result 
of the following reaction:
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AI2O3.3H2O AI2O3.H2O+2H2O (2.4)
The resulting AhOj.HjO is easily fragmented during extrusion and thus becomes evenly 
distributed witliin the material
The handling and storage of the powders before and dming consolidation is very 
important because sometimes minor contamination by foreign particles can cause 
serious problems in the consolidated material (see also this work). Powder 
contamination can be avoided by thoroughly cleaning the atomising equipment after an 
atomisation run, by using new cans for powder storage and careful handling of the 
powder during canning. Prolonged storage periods of the powders should also avoided 
unless storage is done in a controlled atmosphere.
2.3.4. Powder Consolidation
Atomised powders can be transformed into preforms of a desired shape and density by 
compaction and shaping. This can be achieved by many methods such as pressing, 
rolling, forging, extrusion, injection molding. In some cases a combination of 
tieatments may be used. For example, in sintering alloy or ceramic powders are cold 
pressed up to 80% of their theoretical densities and then the pressed preforms are 
sintered at temperatures in the range G.2-0.7 T„, depending on the composition and the 
size of the powders (Jenkins and Wood, 1993).
As will be discussed in the next chapter, in this work the atomised powders were 
consolidated by hot extrusion. Extrusion, forging and rolling are directional hot 
working operations where the material undergoes shear deformation. This type of 
deformation is suitable for breaking up particle boundary layers such as oxide fihns. 
This is very important for the consolidation of Al alloy powders since there is always an 
oxide layer on the surface of the particles. The powders before extrusion can be hot 
compacted into an Al alloy capsule. The capsule is then heated and extruded. Extruded
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powder products may have defects, most common of wliich aie cracks on their surface 
that are mainly due to high friction between the can material and the extrusion die. The 
use of a suitable lubricant, like graphite powder, can help overcome these problems.
The extrusion ratio is important for the properties of the extruded products. Generally, 
the higher the extinsion ratio is the lower the porosity levels are. This is because high 
extrusion ratios result in more severe deformation of powder particles and more efficient 
break up of oxide layers. However, high extmsion ratios may have some adverse effects 
in the microstmcture of the extmded products.
For example it has been reported that the microstmctures of the extmded Al-Fe-Ni 
alloys consisted of alternating bands of finer and coarser stmctures (Shao et a l, 1994). 
Wide coarser bands were observed when higher extmsion ratios were used. These 
coarser bands were attributed to enhanced diffusion associated with the higher energy 
present in regions of high strain concentration. It is expected that high strain levels 
would be experienced at powder particle boundaries. This would give rise to local 
adiabatic heating and could lead to Al grains at these regions that contain a few large 
precipitates. Retained particles that underwent much less strain showed little change in 
morphology. The eutectic microstmcture of larger retained particles did not change 
despite of the thermal exposure dming extmsion. The same effect has been reported for 
other Al-TM alloys (Strangwood et a l, 1991). Also the presence of coarse bands 
provide weak areas lowering the strength of the alloy, in particular the transverse 
mechanical properties.
2.4 Microstructures
During solidification many transformation processes may be active simultaneously and 
operate in a general competition. Nucléation is important during the eaiiy stages of 
solidification and affects the type of microstmcture and the selection of phases in the 
solidifying alloy.
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In melts that are relatively free of nucléation catalytic sites, such as impurity particles or 
container cavities nucléation can initiate at high undercoolings. This is called 
homogeneous nucléation and is rarely encountered in practice. Even in high purity 
melts there is a nucleant concentration of the order 10*^  m'  ^ (Perepezko, 1984) which 
results in very low undercoolings. One way of practically achieving high levels of 
undercooling is to break up a melt into small parts so that it will be possible to have 
some particles that ai*e free of nucléation catalytic sites. The effectiveness of nucleant 
isolation by liquid dispersal into droplets is demonstrated in figure 2.7. There is a clear 
tiend with the development of larger undercoolings and additional crystallisation 
exotherms with decreasing droplet size (Perepezko et al, 1987).
In RS Al alloys the formation of primary intermetallic compounds can be suppressed in 
favour of the a-Al solid solution to a remarkable extent (Jones, 1982). Also certain 
inteimetallics can form in favour of other intermetallics of the same alloy system 
(Adkins et al, 1988). For example in Al-Cr alloys the AI13C12 phase can be observed as 
the primary phase in concentrations well in excess of the point where Al,,Cr2 contiols 
the equilibrium liquidus (Adkins et al. 1988). Such effects were attributed to the 
increased growth velocities, which accompany increasing heat extraction rates 
(Boettinger et a l, 1986). However, it has been proposed that differences in the entropies 
of fusion ASf between competing phases also play an important role in the preferential 
nucléation of crystalline phases during rapid quenching from the liquid. Phases having 
a lower value of ASf will be more difficult to suppress at a given undercooling than 
phases having higher values (Kambli et al.,1985, Saimders et a l, 1985, Saunders and 
Miodownink, 1986).
In figure 2.8 the effect of cooling rate on heterogeneous nucléation in a Sn-16at%Sb 
alloy is demonstrated. The effect of increasing the cooling rate, from 5°C/s to 80°C/s, 
was to broaden the exothermic peak and shift it to lower temperature (Perepezko, 
Uttormark, 1996).
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In figure 2.9 a typical thennal histories of atomised particle of a simple eutectic alloy are 
presented. Initially, the temperature of the liquid paificle drops as a result of rapid heat 
extraction from the atomising gas that flows around the particle. The droplet can be 
highly undercooled depending on the presence of active nucleants, impurity particles etc 
within its volume (see above). As soon as stable nucleants are formed at T^ a  phase 
starts to solidify at very high rates, which are proportional to the degree of undercooling. 
The latent heat of fusion is then released. This results in raising the temperature of the 
droplet and decreases the S/L interface velocity. This phenomenon is called 
recalescence. If the size of the droplet is small and if it is highly undercooled, then it is 
possible that its temperatme will not raise above the T^ ,^ “ (figure 2 .2 ) curve temperature.
In this case the solidification of a  will continue until the droplet is fully solid. The 
temperature of the paiticle will continue to drop as a result of heat extracted by the 
flowing gas. This type of solidification is called partitionless solidification. If the 
composition of the alloy was C^'  in figure 2 . 2  this would not be possible since this 
liquid could not be undercooled below the T^ ^® temperature. During recalecence the 
temperature of the droplet was raised above the T^^" temperature then segregated 
solidification would occur with formation of j3 phase together with a .
2.5 Strengthening Mechanisms
2.5.1 Introduction
Strengthening mechanisms operating at low and intermediate temperatmes (<0.5T^ rely 
on blocking or inhibiting dislocation glide. The principal mechanisms which can 
operate are:
a. Grain and sub-grain boundary strengthening
b. Solid solution strengthening
c. Precipitation or dispersion strengthening
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In addition to these mechanisms, there may be a strengthening effect associated with 
preferred crystallogiaphic orientation. All these mechanisms are more often used in a 
combination of two or more. It should also be noted that collectively the contribution 
from each mechanism is less than anticipated fr om an individual basis.
2.5.2 Grain and Sub-grain Boundary Strengthening
One of the effects of RS on metals and alloys is the refined microstructure and the 
associated fine grain size. The contribution of gr ain size to the strength is described by 
the Hall-Petch equation:
where is the yield strength, cr^ , material constants and d is the giain size. For
rapidly solidified A1 the material constants are ay=14.6 MPa and Khp=2.1 MPa mm’^  
(Yamane, 1986). The contribution of grain size is significant for alloys with gr ain sizes 
d< 1 0  pm.
Hall and Petch assumed that the propagation of slip from one grain to an undeformed 
neighbouring grain was associated with a stress concentration at the grain boundary 
resulting from a dislocation pile up at the grain boundary. This mechanism has been 
foimd to hold for a wide range of materials. However it has its limitations and predicts 
an infinite yield strength for an infinitely small grain size. Lasahnonie and Strudel 
(1986) have foimd that the Hall-Petch relationship applies down to grain sizes of 1 pm 
and may still be valid at grain sizes as low as 0 . 1  pm.
2.5.3 Solid Solution Strengthening
hr A1 alloys the most important solid solution strengthening mechanism depends on the 
interaction of moving dislocations with solute atoms. Mott and Nabarro (1948)
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developed a theory relating solid solution strengthening to the interaction of moving 
dislocations with the internal stress field created by isolated solute atoms having an 
atomic size different fi'om that of the solvent atoms.
Fontaine (1976) related hardness to atomic solute concentration by the expression
Hv = Ho + KFG(nC f  (2.6)
where is the hardness of the pure metal, G is the shear modulus, Kp is a constant, C is
the solute concentration and n is the atomic size factor
n = \n Z lA  (2,7)
ro
where r„ r^  ar e the atomic sizes of the solute and the solvent respectively.
The value of Kp was found to be 79 for Cu, Cr and Mn solid solutions in Al, whereas
solid solutions of Fe, Co and Ni in Al had values 2 to 3 times higher (Fontaine, 1976).
2.5.4 Precipitation and Dispersion Strengthening
Effective precipitation and dispersion strengthening depends on a fine distribution of 
second phase particles. Precipitation of a second phase is usually produced by low 
temperature ageing of a supersaturated solid solution (sss). Decomposition of such a sss 
then normally occurs in the following sequence:
sss —> clusters -> transition structure final structure 
Depending on the system in question, it may be that either the transition stnicture or the 
final stnicture or both may have potential as a fine strengthening dispersion.
Precipitate density depends on the nucléation probability, which in turn depends on the 
crystal structure of the phases concerned, the degree of supersaturation, the ageing 
temperature and, depending on the degree of coherency of the precipitate, the 
availability of heterogeneous nucléation sites, e.g. dislocations, sub-grain and grain
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boundaries. Tliree type of interfaces may develop during nucléation and growth of 
precipitates: coherent, semi-coherent and incoherent. Coherent and semi-coherent 
particles are usually sheared by dislocations, whereas incoherent particles are usually 
looped or bypassed by the dislocations (see figure 2 .1 0 ).
Dispersion strengthening results when particles cannot be cut by the dislocations 
because they are not coherent. However, fully coherent particles may also be looped or 
bypassed if the stress required to force the dislocation through the precipitate is larger 
than the stress required to operate a bypass mechanism. The stress necessary to loop the 
particle depends mainly on the particle spacing and the properties of the matrix and 
decreases inversely with inteiparticle spacing, as originally described by Orowan (1948)
A t =  (2.5^
In equation 2.8 p is the shear modulus of the matrix, b is the burgers vector of the 
dislocation and 1 is the interparticle spacing which can be approximated by
l  =  (2 .9)
3 Vfr
where v^ , is the volume fraction of the precipitate and r^ ^^  is the particle radius.
2.5.5 Texture
The orientation of each grain in a polycrystalline aggregate may be either randomly 
distributed in relation to some selected frame of reference, or they may tend to cluster to 
a greater or lesser degree about some particular orientation or orientations. Any 
aggregate characterised by the latter condition is said to have a preferred orientation or 
texture. When texture is produced by the forming process itself (extrusion, rolling etc), 
it is called deformation texture. When a metal, which is characterised by a deformation 
texture, is recrystallised by amiealing, the new grain structure usually has a preferred 
orientation too, which is often different from the original one. This is called a 
recrystallisation texture (Cullity, 1978).
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Common deformation textures appearing in metals and alloys aie the fibre texture and 
the sheet texture. In the fibre texture most individual crystals are so orientated that the 
same crystallographic orientation [u v w] is parallel or almost parallel to the fibre axis. 
This type of texture appeal's in wire or rod formed by drawing, swaging or extrusion. 
For example, cold drawn Al wire has a single [1 1 1] texture. Sheet texture is 
characteristic of rolled products. This texture is such that most of the grains are oriented 
with a certain crystallographic plane {h k I) roughly parallel to the sheet surface, and a 
certain direction [u v w] in that plane roughly parallel to tlie rolling direction of the 
sheet. For example, the deformation texture of brass sheet (70Cu-30Zn) is very near the 
orientation (1 1 0)[1 1 2] (Cullity, 1978).
Texture can affect the tensile properties of Al alloys. For example, in extruded Al-Li- 
Cu-Mg alloys differences in YTS as high as 100 MPa were measured between positions 
less than 10 mm apart. These positions, where these extreme values of tensile properties 
were measured, were found to be significantly different in crystallographic texture and 
morphology of microstructure (Ocnasek et al., 1996).
Texture evolution in Al alloys can be controlled by the addition of dispersoid forming 
elements such as Cr or Zr. These elements can prevent grain coarsening by forming 
small dispersoid pailicles which can pin migrating grain boundaries. In rolled Al-Mg-Si 
alloys the addition of 0.10-0.15wt% of Zr or Cr resulted in significant decrease of the 
intensities of various texture components when compared with the Zr or Cr fi'ee alloys 
(Zhuang et al., 1996). The same effect was observed in an extruded 7108 alloy. The 
addition of 0.15wt%Zr led to an non-recrystallized microstructure in the extruded 
product (Fjeldy and Roven, 1996).
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2.6 Al-TM alloys
2.6.1 Introduction
The main disadvantage of conventional precipitation strengthened Al alloys is that they 
are not thermally stable at elevated temperatures (T>190°C). The ability of an Al alloy 
to retain its strength at elevated temperatures depends upon the rate of coaisening of 
dispersoids in the system. If the coarsening kinetics are controlled by volume or bulk 
diffusion, the most likely candidate element to alloy with Al for elevated temperature 
strength are those of low diffiisivities and low misfit interfacial energies.
The candidate elements for the development of Al alloys suitable for high temperature 
applications should also be elements with high solubility in liquid Al and low solubility 
in solid Al.
All the above requirements are satisfied by transition elements. The transition elements 
have very low diffiisivities and solid solubilities in Al, with Zr having the lowest 
diffusivity (6 .6 x 1 m V ‘ @ 700 K) and Ni the lowest solid solubility (0.023 at.%). On 
the other hand conventional alloying elements like Cu and Mn have both high solid 
solubilities and diffiisivities in Al.
For volume diffusion as the rate controlling factor of the coarsening rate of dispersoids, 
the dispersoid size r after time t is given by
where r^  is the initial average particle size and K is a material constant which is 
proportional to the applicable solubility and diffiisivity of solute and to the particle- 
matrix interfacial energy. The material constant K depends on temperature and for 5 
vol.% of dispersed phase is (Chen et al., 1987)
^ ^ 12.8rDp„C^^
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where y is the particle-matiix interfacial free energy, D and Coo are the diffusivity and 
equilibrium concentration of the rate controlling component, V,„ is the molar volume of 
the precipitate phase and R, T are the gas constant and absolute temperature 
respectively.
Transition elements are not popular alloying elements for Al. Their low solubility in a- 
A1 limits the methods of producing Al-TM alloys. If we were using conventional ingot 
metallurgy techniques to produce Al-TM alloys, we would have to use either very low 
concentrations of solute, or, if we were using higher concentrations of the alloying 
elements, we would receive a highly segregated alloy structure. In both cases these 
alloys would have no practical application.
Thus in order to produce useful Al-TM based alloys we have to use RS techniques. In 
this way we can eliminate the problems associated with ingot metallurgy techniques and 
produce Al-TM alloys with high TM concentration and segregation free microstructures.
2.6.2 The Al-Fe system
Iron is the dominant impurity in commercial Al grades and still a major one in purer Al 
grades (Mondolfo, 1976). The Al-Fe phase diagram is given in figure 2.11. The 
maximum solid solubility of Fe in Al is about 0.05 at% at the eutectic temperature. The 
L a-Al+AljFe eutectic reaction occurs at 928 K and about 2 wt% Fe.
The phase in equilibrium with a-Al is usually designated as Al^Fe, but some crystals 
extracted from dilute alloys have compositions close to Al^Fog and a crystal structure 
which indicates a foimula between Ali^Fe  ^and Alj^Feg. The Al^Fe forms directly from 
the liquid at 1420 K. It is monoclinic; space group C2/m; 100 atoms to the unit cell; 
parameters a=15.487x10'^° m, b=8.0831x10'^° m, c=l2.476x10'^° m, p=107°43'. The 
Vickers hardness at room temperature is in the range 5250 to 10700 MN/m\ with a 
most probable value of 8000 MN/m^, decreasing linearly to 5700 at 730 K and then also
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linearly to 3000 MN/m^ at 900 K (Mondolfo, 1976). The d spacings o f Al^Fe are given 
in table 2 .1 .
The lattice parameter of a-Al is practically unchanged up to the equilibrium solid 
solubility limit (0.05 at%), and decreases to 4.012x10''° m when 8.4 wt% Fe is retained 
in solution by quenching from the liquid (frgme 2.12) (Mondolfo, 1976).
2.6.2.1 Rapidly solidified Al-Fe alloys
Under RS conditions, the solid solubility of Fe in a-Al has been extended up to 6  at% 
and new metastable intermetallic phases have been reported.
Processing conditions affect the metastable phases produced during solidification of an 
alloy of given composition. The following metastable phases have been reported in Al- 
Fe alloys:
AlgFe :^ found in strip-cast Al-0.5Fe-0.2Si (Skinner et al., 1986)
Aln,Fe, Al,^Fe: found in direct-chill (DC) semicontinuous cast rolling blocks (Skinner et 
a l, 1986).
The Al^Fe phase was shown to be Al^Fe by electron diffraction analysis (Skinner et al, 
1986).
Formation of Al^^Fe requires cooling rates higher than those for Al^Fe while Al^Fe 
requires cooling rates intermediate between those for Al^Fe and those for Al^Fe (Skinner 
et a l, 1986). Thus
Cooling rate 
low ------------------------- > high
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AljFe Al^Fe -^AlgFe Al^Fe
The equilibrium phase Al^Fe forms at cooling rates below 1 K s'l At somewhat higher 
cooling rates the AlgFe metastable compound mainly appears and above 10 Ks*' the 
Aln^Fe and AlgFe  ^are reported to form (Murgas et al., 1988).
The AlgFe is orthorhombic; space group Cmcm, 28 atoms per unit cell, parameters 
a=6.492x10"'° m, b=7.437xl0''° m, c=8.788xl0''° m; isomorphous with AlgMn. 
Formation of AlgFe in preference to Al^Fe is probably related to nucléation at different 
undercoolings. Al^Fe is nucleated at low undercoolings ( < 8  K) and AlgFe at higher 
undercoolings (>10 K) (Mondolfo, 1976).
Two types of RS microstructures have been observed in splats, ribbons and powders of 
Al-Fe alloys:
1. The optically irresolvable featureless areas which were called Zone A by Jones 
(1969), and
2. Very fine primary AlgFe particles intimately associated with dendritic Al-AlgFe 
eutectic colony structures, referred to as Zone B (Jones, 1969).
Transmission electron microscopy (TEM) showed that the structure of Zone A consisted 
of 2 phases: supersaturated a-Al and a metastable cubic iron-aluminium phase with a 
lattice parameter of 0.36 nm (Skinner et a l, 1986).
It has been suggested that during consolidation and theimomechanical processing, of 
Al-Fe alloys the SSS formed during rapid solidification undergo solid state 
transformation to a series of coherent Guinier-Preston (GP) zones, which dynamically 
coarsen to become quasi-coherent 0 " and 0 ' metastable precipitates in much the same 
way as, but with somewhat slower kinetics than, the coiTesponding phases in binary Al-
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Cu alloys (Skinner et al., 1986).
SSS GP zones ^  0" 0' ^  Al^Fe
Iron does not give any age hardening response to the Al-Fe alloys. RS Al-Fe alloys 
have high hardness values in the as rapidly solidified condition. Their hardness 
decreases with time at elevated temperatures (see data for Al-9.2Fe in figure 2,13).
2.6.3 The Al-Ni System
Nickel is a minor constituent in some Al-Cu alloys, to which it imparts high strength at 
high temperatures (T<190® C)(Mondolfo, 1976). The Al-Ni phase diagram is given in 
figure 2.14. The solid solubility of Ni in Al is limited and decreases from 0.11 at.% Ni 
at the eutectic temperature 912.9 K (639.9 °C) to 0.01 at.% Ni at 773 K (500 ®C).
The compound in equilibrium with a-Al is Al^Ni (42 wt% Ni). Its structure is 
orthorhombic; space group Pnma: 16 atoms per unit cell; lattice parameters a=6.611x10' 
m, b=7.366xlO"'° m, c=4.812xl0 '° m. AljNi is formed at approximately 1120 K by 
peritectic reaction between liquid containing 28 wt% Ni and AljNij
L +A lsN i2~^ A l3N i (2.12)
AljNij has a solubility range fiom 55 to 60 wt% Ni. It is hexagonal; space group P3ml; 
5 atoms per unit cell; lattice parameters a=4.036xl0 '° m, c=4.90xl0"'° m. The Vickers 
hardness of Al^Ni is of the order of 7000 to 7700 MN/m^, constant up to approximately 
600 K, and then decreasing linearly to 2000 MN/m^ at 850 K (Mondolfo, 1976).
The lattice parameter of a-Al decreases by approximately 4% for every 1 wt.% Ni in 
solid solution (figure 2.15) (Mondolfo, 1976).
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2.6.3.1 Rapidly Solidified Al-Ni Alloys
The solid solubility limit of Ni in a-Al has been extended from 0.1 at.% Ni to 7.7 at.% 
Ni by rapid quenching (10  ^to 10* K/s) Al-Ni alloys from the melt. The solid solubility 
of Ni in a-Al was extended to 20.9 at.% Ni by vapour quenching. In the former case the 
hardness of the supersaturated solid solution increased with Ni content on annealing at 
323 K (150 “C) became unstable. Instability above 573 to 673 K, of getter-sputtered Al- 
Ni supersaturated solid solution has been reported upon annealing at temperatures with 
formation of an Al+AljNi structure.
Rapidly solidified Al-8 wt%Ni alloys exhibited a Zone A, Zone B microstructure. Zone 
A consisted of a microeutectic structure. A small amount of a cellular morphology was 
also seen occasionally consisting of a-Al and Al^Ni. In contrast, Zone B consisted of 
large particles of primary Al^Ni surrounded by a-Al and some eutectic a-Al+Al^Ni 
mixture. Only Zone A structures were obseiwed in Al-3.3wt%Ni. The morphology of 
this Zone A was somewhat different from that of Al-8 wt%Ni and consisted mainly of a 
cellular microstructure with occasionally an area exhibiting some microeutectic mixture 
(Zintel et al., 1986).
2.6.4 The Al-Zr System
Zirconium is a minor addition to some Al-Mg-Zn alloys, in which it may reduce the 
stress corrosion susceptibility by controlling tlie grain elongation and recrystallisation. 
Zirconium also acts as a giain refiner in Al alloys, but since its efficiency is lower than 
that of Ti it is not commercially used for this purpose (Mondolfo, 1976). Zirconium 
exhibits the lower diffusivity in a-Al than any other element. The Al-Zr phase diagram 
is given in figure 2.16.
The invariant reaction at the Al rich end is a peritectic reaction by which the liquid
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containing 0.11 wt.% Zr reacts with Al^Zr to foim a-Al solid solution. The peritectic 
reaction temperature is 933.5 K (660.5“C). The solid solubilities of Zr in a-Al are 0.28 
wt% Zr at 933.5 K, decreasing to 0.05-0.06 wt.% Zr at 700 K (Mondolfo, 1976).
The melting point of Al^Zr is 1853 K (1580°C). Al^Zr is tetragonal: space group 
14/mmm (DO23 type); 16 atoms per unit cell; lattice parameters a=4.013-4.015xl0''° m, 
c=17.32-17.35xlO '° m; Vickers hardness 4270 to 7400 MN/m^ (Mondolfo, 1976).
The a-Al lattice parameter increases linearly to 4.054x10*'° m with 2.2 wt.% Zr in solid 
solution (figure 2.17)(Mondolfo, 1976).
2.6.4.1 Rapidly Solidified Al-Zr Alloys
The solid solubility of Zr in a-Al was extended by RS up to 2 at.% Zr in Al-Zr splats 
(Jones, 1982).
At 623 K (350 °C), Zr precipitates as the ordered metastable L lj Al^Zr phase giving the 
Al-Zr RS alloys an age hardening response. DSC studies of atomised Al-Cr-Zr-Mn 
alloys showed two exothermic reactions (figure 2.18). The first one occiuTed between 
543-633 K (270-360°C). Isothermal treatment of the same powder at 633 K showed 
substantial ageing response (figure 2.19) while XRD studies indicated a substantial 
increase in the intensity of reflections fi*om metastable cubic Al^Zr (Miller et al., 1986). 
The metastable Al^Zr is cubic: space group PmSm (Ll^ type); 4 atoms per unit cell; 
parameter a=4.05xl0"'° m (Mondolfo, 1976). The metastable Al^Zr d spacings are given 
in table 2 .2 .
The fine scale of the Llg Al^Zr precipitates (<100 nm), their low lattice mismatch with 
the matrix and their low coarsening rates make them ideal for strengthening, provided 
they can be produced in a consolidated product (Marshall, 1987).
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The equilibrium DO23 Al3Zr phase precipitates at temperatures above 783 K (510 °C) 
(Ohashi and Ichikawa, 1972).
2.6.5 The AI-Mo system
Molybdenum has been added to Al alloys as a grain refiner and as an Fe corrector but 
with limited success (Mondolfo, 1976).
The Al-Mo equilibrium diagram is given in figure 2.20. At the Al rich end there is a 
peritectic reaction at 933.5 K (660.5°C) and 0.25 wt% Mo
L+Al^^M o^ Al,, (2.13)
The liquid solubility of Mo in Al is most probably 0.1 wt.% Mo at the peritectic 
temperature, 0.25 wt.% Mo at 980 K (707°C), 0.85 wt.% Mo at 1100 K and 1.9 wt.% 
Mo at 1200 K (927°C). The solid solubility is given as 0.25 wt.% Mo at peritectic 
temperature, 0.18 wt.% Mo at 800 K (527°C) and 0.12 wt.% Mo at 700 K.
AljjMo forms by peritectic reaction firom Al^Mo at 980 K (527°C). Al^^Mo is b.c.c.; 
space group hn3\ 26 atoms per imit cell; lattice parameter a=7.573-7.5815xl0'‘° m 
(Mondolfo, 1976).
The a-Al lattice parameter varies linearly with Mo addition and is equal to 
a=4.0476xl0'*° m at 0.7 wt% Mo. With 9 wt.% Mo in solid solution the lattice 
parameter is a=4.037xl0'*° m (figure 2.21)(Mondolfo, 1976).
2.6.5.1 Rapidly Solidified Al-Mo Alloys
By quenching from the liquid state up to 2.4 at.% Mo can be kept in solution (Guest,
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1985). In a melt spun Al-2.2at%Mo alloy which was heat treated at 723 K (450°C) for 
up to 72 h, equilibrium Al,2Mo was foimd to precipitate at the grain boundaries. TEM 
studies revealed that Mo diffused by pipe diffusion through a network of dislocations 
that formed during heat treatment. Tliis was associated with the change of lattice 
parameter between the a-Al sss in the interior of the grains and the Al^gMo at the grain 
boundaries (Chang and Loretto, 1987). This precipitation precluded any possibility of 
age hardening in Al-Mo alloys. The model proposed to explain the precipitation of 
A1,2Mo is shown in figure 2 . 2 2  (Chang and Loretto, 1988).
2.6.6 The Al-V System
Vanadium is a minor impurity in Al, originating from the bauxites and the carbon 
electrodes used in the reduction process. It has been added to some Al alloys, possibly 
for its grain refining effect, but most probably for patent reasons (Mondolfo, 1976). The 
Al-V phase diagiam is given in figure 2.23.
At the Al rich end, the following peritectic reaction
takes place at T=933.8 K (660.8° C). At this temperature the solubility of V in Al is 
0.10 wt.% V. The solid solubility decreases from 0.37 wt.% V at the peritectic 
temperatme to <0.2 wt.% V at 800 K (527 °C). Al^gV is f.c.c.; space group Fd3m; with 
176 atoms per unit cell; lattice parameter a=14.492-14.586xlO '° m. Al^^V (or Alg^ Vg) 
forms by peritectic reaction at approximately 950 K (677° C) from the liquid and a phase 
which has been designated Al^V or AI45V7. The a-Al lattice parameter decreases 
linearly with V addition to a value of a=4.0422xl0 '° m at 2.2 wt.% V (figure 
2.24)(Mondolfo, 1976).
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2.6.6.1 Rapidly Solidified Al-V Alloys
By rapid quenching from the liquid up to 2 at.% V has been retained in solid solution 
(Kim and Froes, 1988). Cooling rates between 10® and 10’ Ks"' are required to suppress 
Al,oV formation. As the solute content is increased, the cooling rate required to 
completely suppress Al^qV precipitation increases (Yaney et al., 1989).
In binary Al-1.5at%V melt spun alloys, Al^gV precipitate at the giain boundaries from 
the a-Al sss after heat treatments at temperatures between 623-723 K (350-450°C), with 
a similar mechanism as the one described for RS Al-Mo alloys. Vanadium diffusion 
occured by pipe diffiision along a network o f dislocations. However, a small amount of 
Fe impurity gave rise to a fine dispersion of Fe-rich precipitates in the grain centres. 
After extensive heat treatment at 723 K (450°C), these Fe-rich precipitates coarsened 
slowly and eventually pinned the migrating dislocations. Subsequently the precipitation 
of AlioV at the grain boundaries took place via bulk diffiision. The Fe-rich precipitates 
were very stable, but seemed to be destabilised when the excess V in solution was 
eventually precipitated (Bi and Loretto, 1990).
In Zr containing alloys, V replaces Zr in the metastable L I2 Al^Zr to form L lj 
Al3(Zr2sV75), which exhibits better thermal stability than Al3Zr (Yaney et al., 1989). 
Some reported values for the coefficient K in eq. 2.10 at 698 K (425° C) are: 0.0000286 
runes'' for L l2-Al3(Zr25V 7g) and 0.00692 nm^s'* for L l2-Al3Zr (Rylands et al., 1994). A 
similar substitution can also take place between Zr and Ti. The equilibrium crystal 
structures of AlgTi and AI3V are tetragonal DO22. Much of Ti and V can be substitute 
for Zr in the D023-Al3Zr compound, leading to Al3(Ti,Zr) and Al3(V,Zr) respectively. In 
RS Al-Zr-Ti-V alloys formation of the more complex LI 2-Al3(TixVyZr,.x_y) phase is 
possible. Both DO23 Al3(M,Zr) and L I2 Al3(M,Zr) (M=Ti, V) show slower coarsening 
kinetics than Al3Zr (Chung et al., 1995).
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2.5.7 Al-Fe-TM Based Alloys
In chill cast Al-Mo alloys the Mo seems to stabilise the as rapidly solidified 
microstructure. The microstructures of two RS Al-4.7wt%Fe and Al-4.Iwt%Fe- 
0.6wt%Mo alloys showed that there was little effect of Mo on the microstmcture of the 
binary alloy; a cellular morphology was formed with extremely refined randomly 
distributed intercellular particles. EDX revealed that Mo was uniformly distributed 
throughout the microstructure. After 4 h at 673 K (400 °C) the microstructures of the 
Al-4.7wt%Fe and Al-4.1wt%Fe-0.6wt%Ce alloy had decomposed to a certain extent, 
whereas that of Al-4.1 wt%Fe-0.6wt%Mo appeared to be stable (Zintel et. al, 1986). 
The mechanical properties of Mo containing RS Al-Fe alloys are presented in figure 
2.13.
In Al-10.5Fe-2.5V and Al-8Fe-2Mo-lV alloys tensile fi*acture at ambient temperature 
was initiated at particles which were approximately 50 pm in diameter. Exhibiting a 
cleavage fracture appearance, these brittle particles were identified by EDX and Auger 
spectroscopy to be Al-Fe intermetallic particles containing more Fe than the matrix. At 
589 K (316°C), cracks in the Al-8Fe-2Mo-lV alloy were initiated as at 298 K (25°C), by 
fi-acturing of isolated intermetallic Al-Fe inclusions. The firactographic results indicated 
that the controlling fi-acture mechanisms in the Al-Fe-V and Al-Fe-Mo-V alloys 
appealed to be void nucléation at 0 .1 - 1  pm diameter dispersoids, which quickly coalesce 
to form rapid growing cracks leading to final fi-acture. On the other hand, f  acture of a 
Al-Fe-V-Si alloy was controlled by void nucléation (and possibly void growth) at 0.05- 
0.2 pm diameter dispersoids (Chan, 1988). The mechanical properties of V containing 
RS Al-Fe and Al-Fe-Zr based alloys are presented in figure 2.25.
2.6.7.1 The Al-Fe-Zr alloys
In melt spun Al-(6-13wt%)Fe-(1.5-6wt%)Zr alloys the Zone A areas consisted of a 
microeutectic structuie. It was composed of a uniform, cellular network of a solid
31
solution phase containing Al and transition elements 30 to 100 nm in size, the other 
phase comprising of extremely stable precipitates of binary intermetallics wliich were 
less than 50 nm in size and composed of metastable variants of AlFe with Zr in solid 
solution. This microstmcture was stable for annealings at 623 K (350°C) for 3600 s, as 
it is shown from the hardness measurements presented in figure 2.26. At temperatures 
higher than 673 K (400°C) and longer exposure times the microstmcture decomposed 
into the a-Al alloy matiix and spherical or polygonal intermetallics 50 to 100 nm in size. 
Extmsions of mechanically comminuted ribbons were done at 671 K (398°C) and 658 
K (385°C) rather than 623 K due to extmsion press force limitations. This led to 
microstmctures with intermetallics 1 0  times larger than in the ribbons annealed at 
similar temperature and were closer to those found in ribbons treated to a temperature 
100 K higher. This was attributed to adiabatic heating and accelerated coarsening 
associated with severe deformation during extmsion (Okazaki and Skinner, 1984).
Figui'e 2.26 show the tensile strength and hardness of some representative alloy 
compositions of the Al-Fe-Zr system along with AFWAL (Air Force Wright 
Aeronautical Laboratories) and Lockheed property goals (see also table 1.2). When the 
alloy composition was not sufficient to produce a certain volume fraction of dispersoids 
(e.g. less than 24vol% in Al-8.3Fe-4.8Zr), the stiength was at a fairly low level up to 
650 K (377°C), failing to meet the AFWAL goals. When the volume fraction of 
dispersoids was increased to about 25vol%, (e.g. in Al-12Fe-1.6Zr), the properties 
improved over the entire temperature range, but the AFWAL goals were achieved only 
at temperatures up to 505 K (232°C). When the volume fraction of dispersoids was 
further increased to over 30vol%, the stiength level was increased by «55 MPa and the 
AFWAL goal was achieved at temperatures up to 580 K(307°C). Thus, it was 
concluded that a dispersoid volume fraction gieater than 25vol% is required to meet the 
property goals at 505 K (232°C), with more than a 30vol% volume fr action required up 
to 560 K (287°C) and up to 40vol% for frilfillment of the 616 K (343°C) goal. 
Concurrently, this increase in the dispersoid volume fraction to more than 30 % resulted 
in a drastic reduction in room temperature ductility (Skinner et al., 1986).
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The Al-Fe-V-Si alloy system derives its attractive ambient and elevated temperature 
mechanical properties from a dispersion of fine (30-80 nm diameter) spherical 
Ali2(Fe,V)3Si particles uniformly dishibuted in an a-Al solid solution matiix with fine 
grain size (<0.5 pm). In addition to Fe and V having very low diffiisivities in a-Al (see 
also Table 3.1 in the next Chapter), substitution of V for Fe in the silicide phase has 
been found to stabilise its body-centred cubic structiue {Im3 with 138 atoms per unit 
cell) over brittle plate-like equilibrium phases at temperatures approaching 800 K (527 
°C) (Pharr et al., 1988). The coarsening rate of the Ali2(Fe,V)3Si phase is 8.4x10”  m %  
at 700 K (427 °C) which is three to four orders of magnitude slower than those of 
A1j3Fc4 and Ali^FegCe particles (Lee and Zupon, 1988).
2.6.8 The Al-Fe-Ni System
Figuie 2.27 show the liquidus projections o f the Al-Fe-Ni system and the 893 K (620°C) 
isotherm of the Al rich comer of the same system. In the Al rich comer there is a 
peritectic reaction at 922 K (649° C) and a eutectic reaction at 911 K (638° C).
The Al-rich Al-Fe-Ni alloys derive their attiactive ambient and elevated temperature 
mechanical properties from the formation of the AlgFeNi phase (also designated as x). 
The AlgFeNi phase is isomorphous with Al^COg. It is monoclinic; space group P2/a; 22 
atoms per unit cell (18A1, 2Fe, 2Ni), lattice parameters a=0.870 nm, b=0.635 nm, 
c=0.625 nm with ^(between a and c)=95±0.5°. The unit cell of x, showing the 
arrangement of atoms when projected on (101) plane, is shown in figure 2.28 (Kim and 
Jackson, 1986), Under equilibrium conditions x forms by a peritectic reaction at 922 K 
(649°C) when Al3Fe reacts with liquid containing approximately 98.1 wt.% Al, 1.7 
wt.% Fe and 1.2 wt.% Ni, see figure 2.27a.
Both AlgFeNi and AI9CO2 are of the type AI9M2, where M=Fe, Ni, Co. These transition 
elements can substitute for each other in the monoclinic lattice (Premkumar et al, 1992). 
In fact, AlgFeNi (15.6 wt.% Fe, 16.4 wt.% Ni) has a wide range of existence from
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approximately 4.5 wt.% Fe, 28 wt.% Ni to 14 wt.% Fe, 18 wt.% Ni (Mondolfo, 1976).
The T phase is thermally stable, shear resistant and has a strong orientation relationship 
with a-Al. The orientation relationship between a-Al and t is (Shao et al., 1993)
(100)„y/(031),
[013]„y/[100],
The modulus of elasticity of Al-Fe-Ni alloys is slightly higher than the value calculated 
by adding the effects of the two elements; moduli of the order of 85 GN/m’ can be 
obtained in alloys containing as little as 2wt% Fe and 4wt% Ni. The high temperature 
properties of alloys in the quasibinary section Al-AlgFeNi are not thought to be very 
good: at 600 K (327 °C) the short time strength is of the order of 50 MN/m^ for an alloy 
containing 12vol% AlgFeNi; the time to rupture for the same alloy under a load of 30 
MN/m’ is of the order of 70 hr (Mondolfo, 1976).
The use of the alloys as canning material for uranium in water cooled nuclear reactors is 
due to their good corrosion resistance to saturated steam. Corrosion of alloys with up to 
1.5wt% Fe, 2wt% Ni is slight up to 650 K (377°C), but then it becomes very rapid 
(Mondolfo, 1976).
2.6.8.1 Rapidly Solidified Al-Fe-Ni Alloys
Rapidly solidified Al-4.2-5.9wt%Fe-3.9-6.0wt%Ni alloys can exhibit a Zone A and 
Zone B microstmcture. Within the optically featui*eless regions of Zone A there are 
three basic types of microstmctures: a fine uniformly precipitated microstmcture, a 
cellular microstmcture with the t  phase forming at the cell walls, and an eutectic 
stmcture with alternate layers of Al and x. These microstmctures are a consequence of 
variations in solidification firont velocity associated with different degrees of 
undercooling (Premkumar et a l, 1992).
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AlgFeNi, foimed duiing rapid solidification is stable during annealing or processing. 
There are two types of eutectic break-up: thermally induced and deformation-induced 
spheroidization. The thermally induced spheroidization requires annealing at high 
temperatur e and results in coarse compounds and considerably lower str*ength. On the 
other hand, the eutectic break-up by deformation can be accomplished at much lower 
temperatures so that appreciable coarsening is avoided. The degree of eutectic break-up 
after 65% reduction at a low forging temperature is comparable to that after annealing 
for 1 h at 728 K (455 °C). While further break-up of the eutectic is expected at higher 
forging reductions, complete break-up can be attained more easily by extrusion (Kim 
and Griffith, 1986).
The only phases present in RS Al-Fe-Ni (up to 7.4wt%Fe, up to 6.1wt%Ni) alloys were 
the a-Al and AlgFeNi (Kim and Griffith, 1986, Kim and Jackson, 1986, Premkumar et 
al., 1992). These phases were also present in alloys containing quaternary additions like 
Mo (Shao et al., 1993). X-ray diffraction of an atomised Al-8wt%Fe-4wt%Ni-lwt%Mo 
alloy, revealed that powder par ticles below 200 pm were composed only of a-Al and t 
phases. There was no evidence of the AlgFe, Al^Fe or Al^Mo phases (Shao et al., 1993).
During elevated temperature exposure, coarsening of the fme-scale microstmcture 
present in RS Al-Fe-Ni alloys takes place. For example, DSC experiments on Al - 4.2- 
5.9wt% Fe - 3.9-6.0wt% Ni alloys exhibited broad diffusive exothermic peaks between 
523 K (250 °C) and 823 K (550 °C). These exothermic peaks were associated primarily 
with the precipitation of Fe and Ni fi'om solid solution during heating (Premkumar et al., 
1992).
Vacuum hot pressed powders of the Al-5. 7wt%Fe-6 .1 wt%Ni alloy were annealed for 1 
h at 589 K (316 °C) and 728 K (455 °C). Annealing at 589 K (316°C) did not change 
the as-hot-pressed microstmcture, although the hardness decreased somewhat after 
annealing. The microstmcture was typically a eutectic/coupled eutectic that consisted of 
a -A l and rod-type x phase. When annealed at 728 K (455°C) intermetallic compounds
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were developed either in the spheroidal form (see above) or as discontinuous eutectic 
rods, indicating that spheroidisation of eutectics had proceeded significantly. The 
spheroidized intermetallic compound particles had coarsened considerably. The Al- 
5.7Fe-6.1Ni alloy showed slower hardness drop with increasing annealing temperature 
than the Al-7.4wt%Fe-3.4wt%Ce alloy. This was due, at least in part, to the 
spheroidization of eutectic intermetallic compounds which preceded coarsening. In 
general, the eutectic x formed in the Al-5.7wt%Fe-6.1wt%Ni alloy duiing RS 
spherodized before coarsening at temperatures above 623 K (350 °C) (Kim and Griffith,
1986).
The mechanical properties of some Al-Fe-Ni base alloys are presented in figure 2,29. 
Comparisons can also be made between an Al-Fe-Ni (with Fe/N isl) and an Al-Fe-Ce 
(Fe/Ce=2) alloy, as well as between Al-Fe-Ni alloys with different volume fractions of 
intermetallics. In figure 2.29a the isochronal (1 h) annealing curves of vacuum-hot- 
pressed Al-7.4Fe-3.4Ce and Al-5.7Fe-6.lNi can be seen. We notice that the Al-Fe-Ni 
alloy had higher initial hardness, which also decreased slower than the hardness of the 
Al-Fe-Ce alloy. Both alloys were stable at temperatures up to 573 K (300 °C) and at 
higher temperatures their hardnesses decreased rapidly. The same conclusion can be 
extracted form figure 2,29b where the haidnesses of the same alloys are plotted with 
annealing time at temperatures up to 655 K (382 °C). In all cases the hardness of the Al- 
Fe-Ni alloy was higher and dropped slower than the hardness of the Al-Fe-Ce. In figure 
2.29c the effect of different volume fractions of intermetallics after 1 h exposure at 
elevated temperatures is presented. We can see that the higher the volume fraction, the 
higher the hardness of the alloy. The alloy with 0,32 volume fraction of Al^FeNi was 
significantly harder than the alloy with 0.25 volume fraction. Nevertheless, the hardness 
of the alloy with 0.19 volume fraction of intermetallics was not much lower than the 
hardness of the alloy with 0.25 volume fraction, even though the differences in the 
volume fr actions of intermetallics were about the same between these alloys. Thus, it 
was suggested that the volume fraction of the intermetallics does not affect the 
mechanical properties of an alloy in a linear fashion. Finally, all three alloys seemed to 
be stable for temperatures up to 673 K (400°C). At higher temperatures their hardnesses
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dropped with more or less the same rate, irrespectively of the volume fraction of 
intermetallics they contained.
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Table 2.1: Standard X-ray diffraction data for AljFe (from: Selected Powder Diffraction 
Data for metals and Alloys, Databook, 1978, Vol 1, JCPDS, Swarthmore, PA).
d(nm ) strength
0.4040 M-W
0.3674 M-W
0.2450 M
0.2095 S
0.2031 M-S
0.1936 S
Table 2.2: X-ray diffraction lines from the metastable AlgZr in the Al-5.39%Zr alloys 
(Ohashi and Ichikawa, 1972).
Intensity, I/Ijoo
d (nm) h k l Observed Calculated
Ordered Cubic f.c.c.
0.4037 1 0 0 S 50 -
0.2879 1 1 0 M 40 -
0.2351 1 1 1 VS 1 0 0 1 0 0
0.2036 2 0 0 S 50 50
0.1821 2 1 0 W 2 0 -
0.1663 2 1  1 W 1 0 -
0.1439 2 2 0 M 30 30
0.1360 2 2 1
3 0 0
VW 1 0 -
0.1290 3 1 0 VW 2 0 -
0.1227 3 1 1 VW,M 30 30
0.1165 2 2 2 VW 1 0 1 0
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Figure 2.1: Changes in solidification morphologies with increasing growth velocities 
(Curtz and Fisher, 1984).
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Figure 2.2: A simple eutectic reaction showing the curve.
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Figure 2.4: Melt atomisation for (a) powder production and (b) spray deposition (Yule 
and Dunkley, 1994).
40
Metal Metal
(a) Free fall (b) Confined
Figure 2.5: Gas atomisation systems (a) open or free fall nozzles, (b) close couple 
nozzles(Klar and Shafer, 1972).
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Figure 2.6: Degassing cycle for a PM Al-Cr-Zr-Mn alloy (Miller et al., 1986).
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Figure 2,7: Cooling thermograms for the crystallisation of Sn dr oplets at different levels 
of size refinement (Perepezko et al., 1987).
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Figure 2.8: Effect of cooling rate on heterogeneous nucléation in Sn-16at%Sb alloys 
(Perepezko and Uttormark, 1996).
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Figure 2.9: Thermal histories of two atomised particles for different degrees of 
undercooling (Marshall, 1987).
Figure 2.10: Interaction between dislocation and precipitate, a to c for incoherent 
precipitate, d to f  for coherent precipitate (Starke and Wert, 1986).
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Figure 2.11: Equilibrium phase diagram of the Al-Fe system (Masalski, 1986).
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Figure 2.13: Hardness of some RS Al-Fe and Al-Fe-X (X= Mo, Ce) (Zintel et al., 
1986).
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Figure 2.14: Equilibrium phase diagram of the Al-Ni system (Masalski, 1986).
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Figure 2.15: Variation of the a-Al lattice parameter with increasing Ni content 
(Mondolfo, 1976).
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Figure 2.16: Equilibrium phase diagram of the Al-Zr system (Masalski, 1986).
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Figure 2.17: Variation of the a-Al lattice parameter with increasing Zr content 
(Mondolfo, 1976).
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Figure 2.18: DSC studies of a PM Al-Cr-Zr-Mn alloy (Miller et al., 1986).
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Figure 2.19: Age hardening response of a PM Al-Cr-Zr-Mn alloy (Miller et al., 1986)
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Figure 2.20: Equilibrium phase diagram of the Al-Mo system (Masalski, 1986).
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Figure 2.21: Variation of the a-Al lattice parameter with increasing Mo content.
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Figure 2.22: Model for the precipitation of AljjMo in RS Al-Mo alloys (Chang and 
Loretto, 1988).
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Figure 2,23: Equilibrium phase diagram of the Al-V system (Masalski, 1986).
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Figure 2.25: Mechanical properties of some RS Al-Fe-V alloys: (a) hardness, (b) tensile 
properties (Skinner and Okazaki, 1984).
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Figure 2.26: Mechanical properties of some RS Al-Fe-Zr alloys: (a) hardness, (b) 
tensile properties (Skinner and Okazaki, 1984).
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Figure 2.27: Equilibrium phase diagram of the ternary Al-Fe-Ni system, (a) liquidus 
projection, (b) isotherm projection of 893 K (620°C) (Van Horn, 1968).
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Figure 2.28: Unit cell of monoclinic AlçFeNi phase showing the arrangement of atoms 
when projected on the (I 0 I) plane (Kim and Jackson, 1986).
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Figure 2.27: Hardness and tensile properties of Al-Fe-Ni alloys (a. Premkumar et al, 
1992, b.Kim and Griffith, 1986,).
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CHAPTERS 
EXPERIMENTAL TECHNIQUES
3,1 Selection of Alloys
The high temperature mechanical properties of Al alloys depend on the resistance of the 
strengthening intermetallics to coarsening. Assuming that volume diffusion is the rate 
controlling factor of the coar sening of the precipitates, equations 2 . 1 0  and 2 . 1 1  can be 
approximated by the following equation to describe the size change of the intermetallics 
after time t of treatment
r»-r,'=DX,Yt (3.1)
where: is tlie equilibrium solid solubility and the other parameters are as before. As
discussed in section 2.6.1, in order to produce Al alloys which are suitable for 
applications at high temperature, we need to use alloying elements with low D, Xg and y. 
In table 3.1 values of D and X  ^for different elements in Al are given. These values are 
particularly low for the transition metals. These elements are therefore good candidates 
for producing dispersoids in Al alloys which are resistant to coarsening.
In section 2.6.8 we saw that Al rich Al-Fe-Ni alloys containing the Al^FeNi phase are 
attractive materials for certain engineering applications mainly because of the properties 
of the AlpFeNi phase which is thermally stable, sheai* resistant and has a strong 
orientation relationship with a-Al. We also saw that the Fe/Ni ratio of the alloys is very 
important, because this ratio determines the phases present in the alloy microstructure.
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This has a direct effect on the properties of the material.
When the Ni content exceeds that of Fe, the phase AI3M  is expected to form together 
with a-Al and perhaps AlgFeNi. When the Fe content is greater than the Ni one, the 
AlgFe phase will be expected to precipitate along with a-Al and probably AlgFeNi. It is 
possible to get a microstructure that contains only a-Al and AlgFeNi when about equal 
quantities of Fe and Ni are present in the alloy.
Most of the eaiiier research on Al-Fe-Ni alloys has focused on alloys with Fe/Ni 1 
where it is easier to get an a-Al-AlgFeNi microstructure. In this work alloys were 
studied with Fe/Ni 2, keeping the Fe content to about 8 wt% and the Ni content to about 
4wt%. As the isothermal section of the Al-Fe-Ni equilibrium phase diagram at 993 K 
(620° C) suggests, three phases would be present at this temperature, the a-Al, AlgFe 
and AlgFeNi (see figure 2.27). However the Al-8Fe-4Ni alloy lies veiy close to the two 
phase field of a-Al and AlgFeNi. It is possible that formation of the AlgFe could be 
suppressed if the alloys were processed using RS techniques.
Zirconium was added in some alloys in order to get an age hardening response (see 
section 2.6.4.1). Mo was added in two alloys in order to stabilise the as rapidly 
solidified microstructuie (see section 2.6.5). Finally V was added because it substitutes 
for Zr in the L l2-Al3Zr to form L lj Al3(Zr2sV75), which is more thermally stable than 
L l2-Al3Zr (see section 2.6.6.1). The alloys selected to be studied in this thesis are given 
in table 3,2.
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3.2 Alloy Preparation
The alloys given in Table 3.2 were prepared from pure Al (99.98wt%), pure Ni 
(99.97wt%), pure Mo and master alloys of Al-30wt%Fe, Al-7.6wt%Zr and Al- 
10.36wt%V. The compositions of pure Ni and of the Al-Zr and Al-V master alloys are 
shown in Table 3.3. These analyses were provided by London and Scandinavian 
Metallurgical (LSM).
3.3 Melting and Casting of Ingots
The alloys were prepared by induction melting the appropriate quantities of the master 
alloys in a Salamander SC 40 type crucible. A Radyne induction unit (20 kW, 20 kHz) 
was used to melt the alloys. Tlie melting was done in air for Alloy 1, while fluxes were 
used for Alloys 2, 3 and 4. The fluxes were used to protect the melt from oxidising and 
reduce the hydrogen dissolving in Al. The type of flux used was Coverall 11 which 
contains NaCl, NagSO^, NajSiFg, Na^CO^, CaCOj and KjAlFg. The melts were given a 
superheat o f200 K for about one hour to ensure dissolution of the intermetallics.
After melting the alloys were cast in two copper chill moulds one of which was wedge 
shaped. The wedge had a 7** taper giving a variation in section thickness from 20 pm  at
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the tip to 15 mm at tiie top. Before casting the wedge mould was polished with emery 
paper, in order to remove any oxides from its surface and thus achieve good melt-mould 
contact, then the top was coated with mould wash (a compound mainly consisting of 
AI2O3) to prevent the mould fr om melting when casting the alloy. A schematic diagram 
of the wedge shaped copper mould used is shown in figure 3.1. As discussed in section
2.3.1 chill casting in the wedge shape mould was used to determine the transition from 
an a-Al cellular microstructure wiüiout intermetallics to one containing intermetallics 
and to compare the thickness of the wedge, where this transition occurs, with the 
microstructure of the sub 45 pm powder size fraction (see figure 3.2).
After casting the tip of each wedge shaped ingot was removed for microstructural 
examination by optical metallography, Scanning Electron Microscopy (SEM), Electron 
Probe Microanalysis (EPMA), X-ray Diffraction (XRD) and Transmission Electron 
Microscopy (TEM).
The rest of the melt was cast in a specially shaped copper mould. This mould consisted 
of two pieces that could be bolted together. Between these two pieces a mild steel sheet 
was intersected. Onto this sheet two semi-cylindrical bars were screwed through, one 
on either side. The radii of the mould were approximately 7 cm at the top, 5 cm at the 
bottom and its depth was about 21 cm. Two semi-cylindrical and tapered alloy ingots 
were produced. These two ingots were a close fit inside the atomiser crucible leaving 
some clearance around the stopper rod (see below).
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3.4 High Pressure Gas Atomisation (HPGA)
3.4.1 Description of the Atomiser
The alloys were atomised using the High Pressure Gas Atomiser of the University of 
Surrey. The HPGA unit is shown schematically in figure 3.3. The atomiser is separated 
with a steel partition in two chambers (upper and lower) which allows its operation with 
a pressure difference between them. By applying an over-pressure to the top chamber, 
the back pressure at the tip of the melt delivery tube can be compensated for, thus 
allowing control over the rate of atomisation. The crucibles, in which the alloys were 
melted, had a 24 mm hole machined in the centre of their base. A boron nitride insert 
was cemented into the crucible using a high temperature adhesive. The boron nitride 
melt delivery tube contained a 3 mm alumina insert and was cemented into the 
atomising die. A narrower melt delivery tube was not used in order to avoid blockage of 
the tube due to a very viscous melt. Once in position, tire crucible was lowered onto the 
nozzle and sealed with the liigh temperature adhesive. A boron nitride stopper rod was 
mated with the insert in order to prevent leakage.
The lower chamber contained the die assembly and secondary jets. The use of the latter 
allows oxygen to be bled into the system to produce a protective oxide layer on the 
particulate and prevent any explosions of fines on handling the powder. In the 
atomising experiments of tliis work the secondary jets were not used since previous 
work had shown that the oxide layer formed on the surface of the powder particles 
during atomisation was enough to ensure safe handling of the powder. The lower
59
chamber was connected to a collection box via an elbow and cyclone system. This 
allows effective separation of the atomising gas and particulate. The nozzle 
temperature, oxygen content and chamber pressures were closely monitored during the 
running of the atomiser. A schematic diagram showing the variations of these 
parameters during an atomisation run is given in figure 3.4.
Before each run the atomiser was only vacuumed clean. It was not washed out because 
we were atomising basically tlie same material, so there was no danger of cross­
contamination of the powder.
3.4.2 Melting
Up to 4 kg of material was atomised in each atomisation run. Melting was achieved in 
an argon atmosphere by induction melting the alloy using a Radyne unit (20 kW - 20 
kHz). Prior to atomisation the melt was held at 200 K above the liquidus for 30 
minutes.
3.4.3 Atomisation
The atomisation chamber was evacuated to an average pressure of 3 mbar (300 Pa) 
using a rotary vacuum pump. The chamber was then back filled with argon to
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atmospheric pressure. Once the charge was molten a slight positive pressure (0.05 atm 
or 5x10^ Pa) was applied to the whole chamber. The two chambers were then isolated 
and an overpressure of 0.12 atm was applied to the top chamber. The exhaust valve was 
opened and the stopper rod was raised which allowed the melt to flow through the insert 
and exit at the tip of the melt delivery tube. Once a stream of melt was observed the die 
was activated at the pre-set pressure of 300 psi (2x10'^  Pa). The melts were atomised 
using He gas at 300 psi (2x10^ Pa) for Alloys 1, 3, 4 and 200 psi (1.4x10® Pa) for Alloy 
2. The details of each atomisation run are given in table 3.4.
3.4,4 Collection and Separation of Powders
The solidified droplets were swepted towards the elbow and cyclone by the gas stream. 
The cyclone separated the powder from the gas with the powder going to the collection 
box and the gas to the exhaust via a series of filters.
The collection box was transfeiTed to a glove box where the powder was unloaded under 
argon. The sub 200 pm size fraction was separated by sieving and the powder was 
transferred to metallic cans for subsequent storage. Sieving of the powders also took 
place in a controlled atmosphere. Then the -25 pm, +25 -45 pm, +45 -100 pm, +100 - 
200 pm size fr actions were separated, by sieving for XRD examination while the -45 m 
size jhaction was used for studies by optical microscopy, SEM and EPMA. The size 
fractions used for the first batch of extruded material were the -45 pm for alloys 1,3 and
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4 and -50 pm for alloy 2. For the second batch of extrusions the -100 pm size fractions 
of Alloys 1 and 2 were used (see also section 3.6 below).
3.5 Powder Size Analysis
The size distribution of the sub. 200 pm size fraction of the powder of each atomised 
alloy was analysed using a Malvern Master Sizer. A small quantity of the powder, 
0.002-0.005 kg was dispersed in water containing a drop of Nonidt P42 dispersant and 
agitated in an ultrasonic bath for 5 minutes to reduce agglomeration. The values of the 
mass median powder sizes measured in these analyses are included in table 3.4.
3.6 Consolidation of Alloy Powders
The atomised alloy powders were consolidated by extrusion. Two extrusion ratios were 
used, namely 18:1 and 25:1. A higher extrusion ratio was used for the second batch of 
extrusions in order to achieve better consolidation, since there was some porosity in the 
material extruded with 18:1 extrusion ratio (see Chapter 4). The powders were carmed 
in aluminium cans and degassed for 4 h a t 573 K (300°C). Alloys 1 and 2 were extruded 
at 573 K (300°C) at an extrusion ratio of 18:1 and extrusion speeds o f 13 mm/s and 11 
mm/s respectively. The diameter of the extruded bar was 17 mm. It was not possible to 
extrude Alloy 3 at the extrusion ratio of 18:1 because of the high volume fraction of
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intermetallics contained in this alloy (>35%). Instead extrusion became possible at 698 
K (425°C) at an extrusion ratio of 5:1 and extrusion speed of 10.5 mm/s after the powder 
was canned and degassed again. In this case the diameter of the extruded bar was 35 
mm. The powder of alloy 4 could only be hot pressed. Extrusion was not possible even 
at higher temperatur es due to the high volume fraction of intermetallics contained in this 
alloy. Also the die of the extrusion press cracked when attempting to extrude this alloy.
For the 25:1 extrusions the powders were again canned in aluminium cans and degassed 
at 573 K (300 C) for 4 h, then they were extruded at an extrusion speed of 10 mm/s and 
the diameter of the extruded bar was 15 mm. The conditions for the extrusions of the 
powders are given in tables 3.5 and 3.6.
3.7 Metallography
3.7.1 Specimen Preparation
Specimens for optical microscopy, SEM and EPMA were prepared using the following 
procedure.
Pieces o f the alloy were cut from the tip and the top of the wedge shaped ingots as well 
as fr om the extruded, hot pressed and heat treated bars and were mounted in conductive 
Bakelite and held at 423 K (150°C) for 5 min before cooling for a further 2 min. The 
atomised powders were mixed witli fuie Bakelite powder (ratio 3:1) before mounting as
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above.
Specimen polishing was automated using the Struers 'Planapol' machine. Specimens 
were ground using SiC grinding paper to 4000 and then polished using diamond paste at 
3 and 1 pm. Tlie polishing menu is given in table 3.7. The specimens were etched with 
Keller's reagent (1% HF, 1.5% HCl, 2.5 % HNO3, 95% HjO). Optical microscopy was 
performed on a Zeiss Axiophot microscope. A Cambridge S 250 SEM and a Jeol JXA 
8600 Superprobe were used for SEM and EPMA respectively. In the EPMA a 20 kV 
accelerating voltage was used. Large area analyses were done to determine the chemical 
composition of the alloys (see Table 3.2) and spot analysis in order to determine the 
composition of separate phases. The quantification of the EPMA data was done using 
the Microq software. Composition maps were taken in RS materials in order to 
determine the distribution of certain elements within the materials.
3.7.2 Specimen Preparation for Transmission Electron Microscopy (TEM)
Specimens for transmission electron microscopy were prepar ed as follows.
Pieces of the alloy were cut from the tip of the wedge shaped castings and the extruded 
bars. These pieces were mounted with double sided adhesive tape on a Bakelite block 
and were polished until a thickness of about 300 pm was reached. Disks of 3 mm were 
either punched out (in the case of the as cast Alloy 1) or drilled using a 3 mm brass
64
coring drill (for all otlier specimens), and further polished using 4000 grinding paper 
until a thickness of less than 150 pm was reached.
The disks were then electropolished in a Stmers Tenupol' unit using 25vol% nitric acid 
in methanol kept at 233 K (-40°C) with a potential of 120 V. A Jeol 200CX and a 
Philips 400T microscopes were used. Bright field images of the materials were studied. 
EDX analysis was performed and diffraction patterns were taken to determine the 
chemical composition and crystal structure of various phases.
3.8 X-Ray analysis
3.8.1 X-Ray Diffraction (XRD)
X-ray diffraction studies were done in order to identify the phases present in the as cast, 
extruded, hot pressed, heat treated alloys and in the atomised powders. The analyses 
were performed using monochromatic Cu radiation, 46 kV, 35 mA, 3x10^ cps and 2° 
2 /min. The surface of tlie bulk specimen was flat and polished. XRD on alloy 
powders of different size fractions (see also § 3.4.4) were performed after putting the 
powder in a special plastic holder.
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3.8.2 Texture Analysis
Texture analysis of extmded and heat treated material was carried out at the Centre de 
Métallurgie Structurale, Laboratoire de Métallurgie et Matériaux Polycrystallins 
Université de Metz, France. The texture experiments were conducted using Co 
radiation, Fe filter, 40 kV and 25 mA. The <2 2 2>, <2 2 0> and <3 1 1> pole figures 
and ODF (Orientation Distribution Function) of tlie Al matrix for alloys 1 and 2 were 
diawn.
3.9 Hardness and Microhardness
The microhardness of the a-Al solid solution at the tip of the wedge shaped ingot of 
alloy 1 was measured using a Leitz Wetzlar microhardness testing machine with a 5 g 
load. Measurements were performed along the central axis of the specimen. The 
hardness of the extmded, hot pressed and heat treated alloys was measured using the 
same microhardness testing machine with a 50 g load. In all cases ten readings were 
taken per sample and the average was calculated.
3.10 Heat treatments
Heat treatments were performed on consolidated material, in air at 673 K (400°C) for up 
to 1000 h. Before the heat treatments the fiimace was calibrated. The hot zone of the
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furnace was also determined. The accuracy of the temperature measurements was ±2°C 
and a Chiomel-Alumel (Type K) tliermocouple was used.
3.11 Differential Scanning Calorimetry (DSC)
DSC experiments were performed on the different size fractions of the atomised 
powders and the extruded materials, in order to study the thermal stability of the 
microstructure in the consolidated materials. A Mettler DSC 20 machine connected to a 
Mettler TC IDA TA processor was used. Small pieces of material were machined, 
degreased, weighed and put in special aluminium crucibles and sealed. Alternatively, 
small quantities of powder were put in a preweighed A1 cmcible and weighed again to 
obtain the exact weight of the powder. The crucibles were then inserted into the 
machine and Argon gas was allowed to flow around the crucible for about 30 min. 
Then the machine was switched on and the crucibles were heated up to 873 K (600®C) 
using a constant heating rate of 10 K/min.
3.12 Tensile Testing
The room temperature tensile properties of the consolidated materials were evaluated by 
tensile tests. Tensile test specimens were machined from extruded material. The shape 
and dimensions of these specimens are shown in figure 3.5. The specimens were tested
67
using an Instron 1195 machine with a 100 kN load cell and 1.3x10'^ s'^  strain rate. The 
strain was recorded using an extensometer attached to the specimen.
3.13 Density Measurements
The densities of the cast and consolidated alloys were evaluated using both a volumetric 
and an Archimedian method.
The first method was used only for the extruded Alloys 1 and 2. Cylindrical samples 
were machined and their dimensions were carefully measured. Their volume was thus 
calculated. Tlien tlie samples were weighed and their densities were calculated by 
dividing the mass by their volume.
The second method was applied on all the as cast and consolidated alloys. The 
specimens were weighed in air and then in a liquid of known density (in our case water). 
The densities were calculated using the formula:
(32)
W„-Wl
where p  is the density of the material, W ,^ are the weights of the sample in air and in
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water respectively and are the densities of air and water.
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Table 3.1: Equilibrium solid solubilities and diffusion coefficients of elements in Al.
Element Solid Solubility 
at%
Diffusion coefficient 
at773K (m V s)
Cu 2.5 4.3x10"'
Fe 0.025 4.8x10-”
Mn 0.7 1 .6 x 1 0 '^
Mo 0.07 2 .1 x 1 0 -”
Ni 0.023 1 .1 x 1 0 ”
V 0 . 2 1.7x10-”
Zr 0.083 6 .6 x 1 0 -^ '
Table 3.2: Nominal and actual compositions (wt%) of the alloys studied in this thesis.
Composition:
(wt%)
Fe Ni Z r Mo V Al
Alloy 1
nominal 8 . 0 4.0 - - - bal.
actual 7.7 4.0 - - “ bal.
Alloy 2
nominal 8 . 0 4.0 2.5 - - bal.
actual 8 . 2 4.3 2 . 8 - - bal.
Alloy 3
nominal 8 . 0 4.0 2.5 1 . 0 - bal.
actual 7.8 3.9 3.0 1.3 bal.
Alloy 4
nominal
actual
8 . 0
8 . 0
4.0
3.6
2.5
2.9
1 . 0
1 . 2
2 . 0
2.4
bal.
bal.
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Table 3.3: Compositions (wt%) of Ni and master alloys used for preparing the alloys 
studied in this thesis.
Pure Ni:
Ni 99.7 Co 0.0003 Se <0 . 0 0 0 1
Al <0.0001 Cu 0.0005 Si <0 . 0 0 0 0 2
Sb 0.00005 Fe 0.01 S 0.0007
As <0.00002 H 0.0001-0.0002 Ta 0 . 0 0 0 1
Bi <0.00001 Pb <0.00002 Te <0.00005
Cd <0.00002 P <0.00005 T1 <0 . 0 0 0 0 1
C <0.01 Se <0.0001 Sn <0.00005
Zn <0.00005
Al-7.6wt%Zr
Zr 7.62
Sn 0.14
Ni, Cu, Ti, Mn, Cr, K, Zn, Mg, Ca <0 . 0 1
Si 0.06
Fe 0.13
V 0 . 0 2
Al-10.36wt%V
V 10.36
Cu, Mn, Zn, Mg, Pb, Ni, K, Ca, Sr, Zr <0 . 0 1
Ti <0.05
Fe 0.14
Si 0.07
Sn 0.04
Cr 0 . 0 1
Li <0.0005
Table 3.4: Details of atomisation runs.
Alloy Gas Pressure
(psi)
AT^ super
(K) ( m)
1 He 300 3 0.97 2 0 0 28.11
2 He 2 0 0 3 1.90 2 0 0 69.47
3 He 300 3 1.59 2 0 0 40.58
4 He 300 3 1.17 2 0 0 44.71
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Table 3.5; Details of powder extrusions.
Alloy Preheat 
time (h)
T^ e x tn i .
CC)
Extrusion 
speed (mm/s)
Extrusion 
ratio (E.R.)
Alloy 1 4 300 13 18:1
Alloy 2 4 300 1 1 18:1
Alloy 3 4 425 10.5 5:1
Alloy 4 4 300 - -
Table 3.6; Details of the second batch of powder extrusions.
Alloy Preheat T*■ extra. Extrusion Extrusion
time (h) (C ) speed (mm/s) ratio
Alloy 1 4 300 1 0 25:1
Alloy 2 4 300 1 0 25:1
Table 3.7: Polishing menu.
Wheel
num ber
Grinding
Material
Lubricant Time (min)
320 SIC water 1
500 SiC water 1
800 SiC water 1
1 2 0 0 SiC water 3
2400 SiC water 3
4000 SiC water 3
3 MOL Diamond
Paste
water based 
lubricant
3
1 MOL Diamond
Paste
water based 
lubricant
5
OP-CHEM - OP-S 1
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175 mm
101 mm
75 mm
Figure 3.1: Schematic diagram of the wedge shaped chill mould used in this thesis.
CELLS INTERMETALLICS
t: critical thickness
Figure 3.2: Schematic diagram showing the formation of Al^TMy intermetalics at 
thickness t of the wedge shaped ingot.
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Figure 3.3: Schematic diagram of the HPGA of the University of Surrey.
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Figure 3.4: Schematic diagram showing the variation of atomisation parameters during 
an atomisation run.
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HA=18 mm 
G=12.5 mm
D=5 mm 
R=10 mm
Figure 3.5: Schematic diagram of tensile test specimen.
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CHAPTER 4 
EXPERIMENTAI. RESULTS
4.1 Chill Cast Alloys
The effect of different cooling rates on the microstructure of the alloys under 
investigation was studied in chill castings in a wedge shaped mould (see also § 2.3.1 and 
3.3).
Microscopical examinations revealed a continuous refinement of the microstructure as 
die wedge section became thinner. The microstructure of Alloy 1 at the tip of the wedge 
consisted of a microeutectic a-Al, t structuie without any piimary intermetallics (figure 
4.1a). TEM studies of this area revealed a refined eutectic a-Al, AlgFeNi structure 
(figure 4.1b). The first intermetallics appeared at a wedge thickness of about 300 p,m. 
These were indentified by EPMA as the AlgFeNi phase (figure 4.2). This microstructure 
was present up to a wedge thickness of about 2.5 mm. Above this thickness of the 
wedge shaped ingot large primary intermetallics with two morphologies, needle like and 
star like, were present. These intermetallics were identified by EPMA as the Al^Fe 
phase (figure 4.3). The compositions of the phases present near the tip area of the 
wedge shape casting of Alloy 1 ar e given in Table 4.1. Further up in the wedge and for 
thicknesses of 9 to 15 mm the microstructure consisted of primary AlgFe, which was 
engulfed in AlçFeNi which formed after a peritectic reaction in a matrix of a-Al and 
AlgFeNi (figure 4.4).
The XRD results of the chill cast Alloy 1 are presented in tables A l.l and A1.2 in 
Appendix Al for the tip and the top of the wedge casting respectively, while the 
compositions of the phases present in the top of the wedge casting are given in table 4.2, 
The only phases identified by XRD in the tip of tlie wedge casting were a-Al and 
AlgFeNi and there was no evidence of the presence of any other Al^Fey stable or 
metastable phase (see also § 2.6.2). The phases identified by XRD in the top of the
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wedge were the a-Al, Al^Fe and Al^FeNi. The presence of these phases is consistent 
with the predictions of the equilibrium phase diagram of the Al-Fe-Ni alloy system for 
an alloy with a composition of Al-8wt%Fe-4wt%Ni, see figure 2.27. The Fe/Ni ratio of 
the AlgFeNi in the tip and the top of the wedge shaped casting was about 2 and 1 
respectively.
The evolution of the microstructure along the height of the wedge shaped castings of 
Alloys 2, 3 and 4 was shnilar. The main differences here were first the absence of an 
intermetallic free microstructure in the tips of the wedge castings and second the 
formation of more equilibrium phases in the thicker part of the wedge. In the tips of the 
wedge castings of Alloys 2, 3 and 4 formation of primary AlgFeNi was evident in the 
form of fine dendrites (figure 4.5). Fuither up in the wedges and in a similar way with 
alloy 1 the AlpFeNi phase was accompanied by the Al^Fe primary intermetallics, while 
the first DOja-AlgZr particles were observed at a wedge thickness of about 1 . 7  mm for 
Alloy 2 and slightly smaller thicknesses Alloys 3 and 4.
The XRD results for tlie microstructures in the tips of the wedge shaped castings of 
Alloys 2, 3 and 4 are presented in tables A1.3, A1.4 and A1.5 respectively in Appendix 
A l. For all three alloys only the a-Al and Al^FeNi phases were identified in the tip 
region of the wedge castings. The chemical compositions of these phases in Alloys 2, 3 
and 4 are presented in tables 4.3, 4.4 and 4.5 respectively. In the top parts of the wedge 
castings, the XRD analysis revealed the presence of Al^Zr, which appeared in the form 
of needles, and AljjMo in alloys 3 and 4 and also Al^V in Alloy 4, apart from the a-Al, 
AljFe and AlgFeNi phases(figures 4.6-4.S). These phases are the stable phases formed 
in Al rich Al-Zr, Al-Mo and Al-V alloys respectively (see also § 2.6.4 to 2.6.6). The 
results of the XRD analysis of the top of the wedge castings of Alloys 2, 3 and 4 are 
presented in tables A1.6, A1.7 and A l . 8  respectively in Appendix A l . The approximate 
chemical compositions of these phases, as analysed by EPMA, are presented in tables
4.6,4.7 and 4.8 for alloys 2, 3 and 4 respectively. The Fe/Ni ratio of the AlgFeNi phase 
was again equal to 2  for the microstructure in the tip area and 1 for the microstructure in 
the top of the wedge, for alloys 2,3 and 4. Table 4.9 summarises the phases identified in
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the wedge shaped castings of the alloys.
4.2 Atomised Powders
4.2.1 General Characteristics
The alloys prepared by casting were atomised as described in §3.4. After removing the 
powders from the collection box of the atomiser, the + 2 0 0  pm size fraction was 
separated and the - 2 0 0  pm size fraction was kept and subjected to analysis of the size 
distribution. The results of these analyses are presented on figure 4.9. The mass median 
sizes of the powder particles were 28.11 pm, 69.47 pm, 40.58 pm and 44.71 pm for 
alloys 1 ,2 ,3  and 4 respectively (see also Table 3.4). The shapes of the size analysis 
curves suggested that there was a particularly high population of fine powders for alloys 
1 and 3, since 40% and 30% of the powder particles were smaller than 20 pm. The 
situation was different for Alloy 2, which was atomised using a lower gas pressure (i.e. 
higher Jmei/Jgas, see also Table 3.4), where the percentage of the powders with sizes 
smaller than 2 0  pm was about 14%.
The examination of powders revealed that the powder particles were generally spherical 
in shape and free of porosity. Some larger particles had a slightly oval shape, which 
would suggest that solidification most probably occurred before complete 
spheroidisation. Some particles had satellite particles attached to them, which indicated 
that there were in flight collisions of liquid or partially solidified particles.
4.2.2 Microstructure of Atomised Powders
The microstructures of the atomised powder particles were examined by optical 
microscopy, XRD and SEM, see also § 3.7.
The microstractures of the atomised powders of all four alloys consisted of optically
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featureless areas and areas with coarser cellular* or dendritic structures. These areas were 
named Zone A and Zone B respectively by Jones (1969). The optically featureless areas 
were mainly observed in the finer particles within the -25 pm size fraction. Some of the 
finest particles did not show any contrast, even under very high magnification in the 
SEM (figure 4,10), suggesting complete partitionless solidification. As discussed by 
Shao et al. (1993), it is possible that homogeneous nucléation of solidification occurred 
in these fine particles. As tlie powder size increased, there was a transition from 
partitionless/microcellular to coarser cellular then coupled eutectic and finally pi*imary 
dendritic structures (figure 4.11). The transition from optically featureless structure to a 
cellular one containing intermetallics occured at a particle size of about 20 pm for Alloy 
1, about 10 m for Alloy 2 and slightly less than 10 pm for Alloys 3 and 4 (typically 
about 7 pm). These values were obtained after many observations, since there was a 
variation in the type of microstiucture even between powder particles of the same size. 
These results are in agreement with TEM studies of atomised powders of a similar alloy 
(Al-8wt%Fe-4wt%Ni-lwt%Mo), where particles with sizes smaller than 10 pm were 
found to consist only of a-Al microcellular structur es. The transition from microcellular 
to coarse cellular and then to eutectic microstructure occuned at powder particles with 
sizes around 20 pm (Shao et al., 1993).
In the +25 -45 pm size fr action the microstructures of the powder particles consisted of 
mixed optically featureless areas and AlçFèNi dendrites, while other particles totally 
consisted of dendritic AlpFeNi in an a-Al matrix (figures 4.12 and 4.13). Nucléation 
sites were evident in some particles as areas with featureless microstructure (figure 
4.12).
Larger particles (+45 pm) of the Zr containing alloys (i.e., alloys 2 to 4) were foimd to 
contain a small volume fraction of a third phase. This phase was not in contact with 
AlgFeNi and exhibited fairly cubic shapes and bright contrast (figure 4.14). Qualitative 
chemical analysis of this phase revealed that it contained Al and Zr without any Fe or Ni 
(figure 4.15). Note that because of the small size of these precipitates, the electron beam 
overlapped on the surrounding matrix during the analysis and therefore the Al/Zr ratio is
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overestimated. This Al-Zr phase is likely to be L l2-Al3Zr, which is often the primary 
phase that precipitates from the melt in binary Al-Zr alloys and is observed as cubic or 
clusters of cubic shaped particles (Ohashi and Ichikawa, 1972).
The XRD analyses of tlie atomised alloys revealed only the presence of a-Al and 
AlpFeNi for all the size fractions of the powder particles examined. The Al-Zr phase 
present in the lar ger particle size fractions of the Zr containing alloys failed to register in 
the XRD studies, perhaps because of its small volume fraction. The results of the XRD 
studies of the various size fractions of the alloy powders are presented in tables A2.1 to 
A2.15 in Appendix A2. Table 4.10 summarises the XRD data of the alloy powders. 
Tables 4.11 to 4.13 give the chemical compositions of the a-Al and AlpFeNi present in 
the -45 pm size fraction of alloy powders, as determined by EPMA analysis. The Fe/Ni 
ratio of the Al^FeNi phase present in these powders was similar to the Fe/Ni ratio of the 
same phase in the tips of the wedge castings, i.e., Fe/Ni=2.
4.2.3 Lattice Parameter Calculations
The lattice parameter of the a-Al phase was calculated and is given in table 4.14. The 
a-Al lattice parameter seemed to increase with increasing powder size. Alloys 3 and 4 
had slightly higher lattice parameter values when compared to Alloys 1 and 2.
4.2.4 DSC Studies of Alloy Powders
The DSC traces of various fractions of Alloy 1 exhibited a broad exothermic peak 
between 523 K (250®C) and 823 (550®C). Figure 4.16 shows a typical DSC trace of a 
sample of the +25 -45 pm powder size fraction together with the base line trace. All 
powder size fractions of this alloy showed a similar response in the above temperature 
range.
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In the Zr containing alloys an additional exothermic peak was evident at about 583 K 
(310°C) for Alloy 2 and about 623 K (350°C) for Alloys 3 and 4 (see figures 4.17 to 
4.19). In Alloys 3 and 4 another exothermic peak was present above 673 K (400“C) (see 
figures 4.18 and 4.19).
The intensity of all peaks decreased as the powder size increased. This is illustrated in 
figure 4.19, where DSC traces of different powder size fractions of Alloy 4 are 
presented.
4.3 Extruded Materials
4.3.1 Microstructure of Extruded Materials: ER=18:1
The -45 and -50 pm size fractions were used for the extrusions of Alloys 1 and 2 
respectively with ER=18:1. Both alloys were extruded successfully and the extruded 
bars were generally free of defects, see also § 3.6.
The microstructures of the extrusions of Alloy 1 were characterised by alternating bands 
of coarser and finer microstructure (figure 4.20). There were no evidence of remaining 
undeformed powder particles or voids and porosity in the extruded microstructure. The 
relative sizes of the precipitates present in the fine and coarse microstructure bands can 
be seen in figure 4.21. In the coarser bands the size of the precipitates was up to 1 pm 
while in the finer bands it was in the range 0.05 to 0.2 pm. The only phases identified 
by XRD were a-Al and AlgFeNi (table A3.1 in Appendix 3).
The microstructure of the as extruded Alloy 2 was different fr om Alloy 1. The banded 
microstructure was not as pronounced as in Alloy 1 (figure 4.22). There was also a 
population of undeformed powder particles. These particles were always of small size, 
exhibited a Zone A microstructure and were related to the porosity present in the 
material. As it is illustrated in figure 4.23, the deformed material seemed to flow around 
the undefoimed particle leaving two voids on either sides of it.
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The XRD analysis of the as extruded Alloy 2 showed that only the a-Al and AlgFeNi 
phases were present in the microstructure (see table A3.2 in Appendix 3). However, 
TEM studies revealed the presence of other phases. The first was a needle like phase 
often located in the a-Al-AlgFeNi interfaces (figure 4.24a). EDX analysis of this phase 
revealed that it was Al and Zr rich (figuie 4.24b). It was concluded that these 
precipitates were the DOgg-Al^Zr phase. A very limited amount of Ll^ AlgZr was also 
present in form of cubic precipitates (figure 4.25).
4.3.2 Microstructure of Extruded Materials: ER=25:1
The alloys extruded at ER=25:1 were free of defects such as cracks due to friction 
between the material and the extrusion press die.
The microstructure of Alloy 1 extruded at 25:1 was similar to the microstructure of the 
alloy extruded at 18:1 with the coarser bands being wider than those in the latter 
extrusions. Tliere were no imdefoimed particles present and the material seemed to be 
fully dense (figure 4.26). XRD analysis showed that the only phases present were a-Al 
and AlpFeNi (table A3.3 in Appendix 3).
In the microstructure of Alloy 2 there were still present some undeformed powder 
particles, but their population was significantly lower than in alloy 2  extruded at 
ER=18:1. These undeformed powders were again small particles with Zone A 
microstiucture. Overall, the microstructure of the extruded material was fairly 
homogeneous and bands of finer and coarser structures were not as pronounced as in 
Alloy 1 (figure 4.27).
It seemed that there were bands of material that contained cubic like AlgZr precipitates 
and bands that were free of these precipitates. These bands are evident in figure 4.28 
where they are indicated by arrows. The presence of these bands was attributed to the 
microstructure of the powders before the extrusion, since some powder particles
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contained only a-Al and t  phases while others contained a-Al, t  and AljZr in the 
interdendritic areas as described in §4.2.2. TEM studies of these precipitates revealed 
that they had a Ll^ stmctuie, see also figure 4.25. In addition to these precipitates, the 
needle like AlgZr particles were present, as observed in the alloy extruded at 18:1. XRD 
analysis of the 25:1 extruded alloy 2 showed the presence of L l 2-Al3Zr as well as a-Al 
and AlgFeNi (table A3.4 in Appendix A3).
4.3.3 Microstructures of Extruded Alloy 3 and Hot Pressed Alloy 4
As discussed in §3.6, Alloy 3 was extruded at a higher temperature [673 K (400°C) 
rather than 573 K (300°C) for Alloys 1 and 2] and at a lower extrusion ratio of 5:1 
because of the significantly higher volume fraction of intermetallics present in the 
microstructure of this alloy. The appearance of the extruded bar was not good. It 
contained many defects, mainly cracks which were perpendicular to the direction of the 
extrusion. These cracks indicated high friction forces between the extruded material and 
the die of the extrusion press.
The microstiucture of the as extruded alloy 3 was found to be quite different from the 
microstiuctuies of tlie extruded alloys 1 and 2. A great population of undeformed 
powder particles was present (figure 4.29). These particles were associated with 
extended porosity in the microstiucture as in the Alloy 2 exhusions. Bands of finer and 
coarser microstructure were not visible. However, the boundaries of larger and partially 
deformed powder particles were visible. These partially deformed particles can be seen 
in figure 4.29 as oval shaped areas which had retained the as rapidly solidified 
microstiuctuie. The XRD studies of the as extruded material revealed the presence of 
the a-Al, Al^FeNi and L I2-AI3Z1' phases (table A3.5 in appendix A3). The presence of 
the metastable AlgZr phase was attributed to precipitation from the Al-Zr supersaturated 
solid solution formed in tlie powders during atomisation, because of the higher 
temperature that the powders were exposed during extrusion.
It was not possible to extrude tlie Alloy 4 powders even at a higher extrusion
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temperatui'e 623 K (350°C) or lower extrusion ratio, because of the high volume fraction 
of intermetallics present in the alloy. Thus Alloy 4 was studied in the as hot pressed 
condition. The microstructure of this alloy was different from the rest of the extruded 
materials. As seen in figure 4.30 the microstructure of the hot pressed Alloy 4 consisted 
of partially deformed or totally undeformed powder particles which had essentially 
retained their as rapidly solidified microshuctures. Pores were present in gaps between 
the larger powder particles. In these gaps some fine particles were trapped and were not 
deformed at all. The XRD analysis revealed the presence of the a-Al, AlgFeNi and L I2- 
AlgZr phases (table A3. 6  in Appendix A3). The exposure of the material to high 
temperature and some adiabatic heating during hot pressing were responsible for the 
precipitation of the metastable AlgZr fr om Al-Zr supersaturated solid solutions, as for 
Alloys 2 and 3.
4.3.4 DSC Studies of Extruded and Hot Pressed Powders
The DSC traces of the as extruded Alloys 1 and 2 (ER=18:1), as extruded Alloy 3 and as 
hot pressed Alloy 4 are given in figure 4.31.
These curves exhibited the same features with the DSC curves of the powder particles of 
the corresponding alloys (see figures 4.16 to 4.19). The broad exothermic peak 
observed between 523 K (250°C) and 823 K (550°C) was evident for all alloys. 
Furthermore, in the Zr contahiing alloys an exothermic peak between 573 K (300°C) and 
623 K (350°C) was also evident, but this peak was weaker in Alloys 3 and 4. Finally, 
in Alloys 3 and 4 anoüier exothermic peak was present above 673 K (400°C).
The DSC traces of Alloys 1 and 2 extruded at ER=25:1 are presented in figure 4.32. In 
the trace of Alloy 2 no exothermic activity was visible between 573 to 623 K, but there 
was a peak evident at about 773 K. This could be related to precipitation of the DO23- 
AlgZr phase, which is known to precipitate aroimd this temperature (see §2.6.4).
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4.3.5 Microstnictures of Heat Treated Materials
The extnided and hot pressed materials were heat treated at 673 K (400°C) for up to 
1000 h, as described in §3.10. The microstructures of Alloys 1 and 2 did not show any 
significant changes after heat treatments at 673 K for up to 10 h for both the extrusion 
ratios studied. Features like the banded microstructure were still evident in Alloy 1 
(figure 4.33). Similarly in Alloy 2 no visible differences were obsei*ved in the 
microstiucture. The microstructure of both alloys became coarser after longer exposure 
at 673 K (400°C). This was more pronounced in Alloy 1, where the banded 
microstructure of the as extruded condition was replaced by a microstructuie which 
contained coarser precipitates that were fahiy uniformly distributed in the material and 
whose sizes were in the range 2 to 3 pm (figure 4.34). The only phases present in the 
microstructure of Alloy 1, as determined by XRD, were a-Al and AlgFeNi even after 
1000 h of heat treatment (tables A4.1 to A4.4 in Appendix 4). In Alloy 2 (ER=18:1) 
after 1 h at 673 K (400°C) XRD revealed the presence of the Llz-Al^Zr phase. The 
phases a-Al, AlpFeNi and Llg-Al^Zr were identified in the heat treated Alloy 2 for all 
heat treatment times and both extrusion ratios (tables A4.5-A4.7 in Appendix A4). The 
DOjs-AljZr phase was not identified in the heat treated materials because of its very low 
volume fraction.
The evolution of the microstiucture of the alloys extruded at ER=25:1 during heat 
treatment at 673 K was similar. Typical microstructures are shown in figures 4.35 and 
4.36, whereas tables A4. 8  to A4.13 in Appendix A4 give the XRD data of the 25:1 heat 
treated alloys.
The microstructure of Alloys 3 and 4 did not seem to alter significantly even after 1000 
h at 673 K (400°C), see figures 4.37 and 4.38. In Alloy 3 the partially undefonned oval 
shaped particles were still visible and it seemed that tliey had retained their as extruded 
microstructure. The situation was similar for Alloy 4. Even after 1000 h heat treatment 
individual powder particles were evident with microstructures quite similai* to those of 
the as atomised powders. The XRD studies of the heat treated alloys did not revealed
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the presence of any other phases other than the ones identified in the as extruded and as 
hot pressed condition, i.e., a-Al, Al^FeNi and Llj-AljZr (see tables A.4,14 to A4.21 in 
Appendix A4). Tables 4.16 and 4.17 summarise the XRD data of the heat treated alloys.
4.4 Mechanical Properties
4.4.1 Hardness and Microhardness of Wedge Shaped Castings
The hardness of tlie chill cast alloys was measured at the tip of the wedge shaped 
casting. The results are summarised in Table 4.18 and figure 4.39. The value given for 
Alloy 1 is the microhardness of the a-Al cellular structure at the tip of the wedge (up to 
a wedge thickness of 300 pm). The values given for the rest of the alloys are the 
hardnesses of tlie a-Al+intermetallics structures formed at the tips of the wedge shaped 
castings (see §4.1).
The microhardness of the cellular a-Al at the tip of the wedge casting of Alloy 1 was 
remarkably higher than tlie hardnesses of the other chill cast alloys, reaching a value of 
283 VHN. The hardnesses of the other alloys increased with alloying additions from 
156 VHN for Alloy 2 to 226 VHN for Alloy 4.
4.4.2 Hardness of Atomised Powders
The har dness of atomised alloy powders of the -45 pm size fraction was measur ed. The 
results of these measurements are presented in table 4.19 and figur e 4.40.
The finer particles with featureless Zone A type microstructure were significantly harder 
than the particles with Zone B type microstructure. The hardness of the fine particles 
was in the range 280 to 297 VHN for all alloy particles with similar type of 
microstructure. As discussed in §4.2, tliese particles were up to 20 pm for Alloy 1 and 
up to about 10 pm for the rest of the alloys. The hardness of the larger powder particles 
with Zone B type of microstructure increased with alloying additions from 111 VHN for
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Alloy 1 to 213 VHN for Alloy 4.
4.4.3 Hardness of Extruded, Hot Pressed and Heat Treated Alloy Powders
The results of the hardness measurements of die extruded, hot pressed and heat treated 
alloy powders are presented in tables 4.20 to 4.23 and figures 4.41 to 4.45. The 
hardness increased for the as extruded and as hot pressed condition from about 160 
VHN for both extrusions of Alloy 1 to 338 VHN for the as hot pressed powders of 
Alloy 4.
For the heat treated materials the hardness chopped with longer exposure to 673 K. 
After 1000 h heat treatment Alloy 1 had a hardness of about 120 VHN for both 
extrusion ratios, which represents a drop in hardness of 25%. The rate of hai’dness drop 
seemed to be lower for tlie other alloys. Alloy 2 experienced a 17% drop for the 18:1 
extruded material and 11% for the 25:1 extruded material after 1000 h at 673 K. The 
corresponding hardness drops for the extruded Alloy 3 and hot pressed Alloy 4 were 
about 15% for both materials.
4.4.4 Tensile Properties of Extruded Alloys
The room temperature tensile properties of the alloys extruded at ER=18:1 are given in 
tables 4.24 and 4.25 and figures 4.46 and 4.47. The room temperature tei^ile properties 
of the alloys extruded at ER=25:1 are presented in tables 4,26 and 4.27 and figures 4.48 
and 4.49.
The ultimate tensile stiengtli (UTS) and yield tensile strength (YTS) of both alloys 
decreased with increasing annealing time. The same trend was observed for both 
extrusion ratios. The alloy with 18:1 extrusion ratio had higher UTS and YTS values 
than the alloys extruded at 25:1. The ductility of both alloys was low. Alloy 2 exhibited 
particularly low elongations before fracture, typically around 1.2%. Alloy 1 exhibited 
low ductilities as well, particularly for the lower extrusion ratio material.
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The data for Alloy 2 at ER=18:1 is only up to 1 h treatment time because subsequent 
examination of the fracture surfaces revealed that there was a contamination problem 
which affected the specimens used for the longer annealing times. These specimens 
failed prematurely before any yield was recorded.
4.4.4.1 Fractography
The fracture surfaces of the tensile specimens were examined both macroscopically and 
in the SEM. As mentioned in the previous section, tlie extiuded materials exhibited 
very poor ductilities. The specimens failed without formation of necks. Most fracture 
surfaces exhibited a cup and cone morphology. Hie specimens of Alloy 2, which failed 
before any yield, had flat fracture surfaces.
SEM examination of the fracture surfaces revealed the presence of dimples, suggesting 
some plastic deformation of the matrix during the tensile test (see figures 4.50 and 4.51). 
In figure 4.51 shows the fr acture surface of an Alloy 2 tensile specimen. Undeformed 
powders particles are evident on the fracture surface. Large foreign particles were 
observed in the fracture surfaces of Alloy 2 specimens (ER=18:1) which failed before 
any yield was recorded (figure 4.52). Composition analysis of these particles revealed 
that they were Sn and Cu rich particles. Tliis would suggest that they originated from 
the soldering material which was accidentally dropped in the powders during canning. 
It seems that the porosity aroimd the imdeformed particles together with the 
contamination caused by the solder particles acted as weak spots within the specimens 
initiating fracture in these sites, which then propagated rapidly causing the premature 
failure of the specimen.
4.5 Texture of Extrusions
The analysis of the texture of Alloy 1 extrusions revealed the presence of <1 1 1> fibre 
texture for the a-Al phase. This is shown in figure 4.53 where the pole figure of the <2
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2 2> component of the a-Al phase is presented. The maximum intensity appears to in 
the middle of the pole figure suggesting tliat most grains had a < 1  1 1> dhection parallel 
to the extrusion direction. The fibre texture was present in both the 18:1 and 25:1 
extruded Alloy 1 materials altliough it was more pronounced for the latter. Texture 
seemed to get sharper with increasing annealing temperature and time (Table 4.28). 
This is evident in figures 4.54 and 4.55 where the orientation distribution functions 
(ODFs) of Alloy 1 materials in different conditions are presented. Tlie maximum 
intensity of the <1 1 1> component of tlie a-Al matrix, wliich was 8.5 in the as extruded 
condition (ER=18:1) became 16.9 and 39.5 after 1 and 100 h at 873 K (600°C). 
Similarly, for the 25:1 extruded material the maximum intensity of the <1 1 1> 
component of the a-Al phase was 10.4 and becomes 18.7 after 1000 h at 673 K (400“C).
No texture was detected for the a-Al phase of Alloy 2 for both the 18:1 and 25:1 
extruded materials. This is evident in the pole figure presented in figure 4.56. The same 
situation was also confirmed for the heat treated specimens.
The texture of a-Al was found to be random for Alloys 3 and 4.
4.6 Density of Extruded and Hot Pressed Materials
The density measurements of tlie extruded and hot pressed materials are presented in 
Table 4.29. The density values of the consolidated alloy powder particles were in the 
range 2.941 g/cm^ to 3.105 g/cm^ Alloy 1 had the lowest density while the densities of 
the rest of the alloys was increasing as heavier elements (Zr, Mo and V) were added. An 
interesting feature of these results is tliat Alloy 2 (ER=18:1) exhibited a higher density 
value than Alloy 3 (ER=5:1). This must be due to the higher extrusion ratio used for the 
consolidation of the Alloy 2 powder particles.
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Table 4.1: Compositions of phases present near the tip of the wedge shaped casting of
Alloy 1 (after EPMA).
Phase: Al Fe Ni
a-Al cells wt% 84.89 9.95 4.94
at% 92.23 5.23 2.47
AljFeNi wt% 81.18 12.29 6.39
at% 90.10 6.59 3.26
AlgFe (star) wt% 63.45 28.79 7.58
at% 78.42 17.19 4.31
AljFe (needle) wt% 62.82 26.92 10.25
at% 77.96 16.20 5.83
Table 4.2: Compositions of phases present near* the top of the wedge shaped casting of 
Alloy 1.
Phase: Al Fe Ni
a-A l
wt% 99.42 0.17 0.41
at% 99.62 0.08 0.19
AlgFe
wt% 60.61 34.79 4.61
atVo 76.25 2 1 . 2 0 2.54
AlgFeNi
wt% 72.99 11.84 15.17
at% 84.46 6 . 6 8 8.85
Table 4.3: Compositions of phases present near the tip of the wedge shaped casting of 
Alloy 2.
Phase: Al Fe Ni Zr
a-Al wt% 93.93 3.24 1.97 0.81
at% 97.18 1.62 0.94 0.25
AlpFeNi wt% 75.68 12.50 6.62 5.20
at% 87.68 7.00 3.54 1.78
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Table 4,4: Compositions of phases present near the tip of the wedge shape casting of
Alloy 3.
Phase: Al Fe Ni Z r Mo
a -A l wt% 91.75 3.35 3.35 1.05 0.47
at% 96.20 1.71 1.62 0.32 0.14
AlpFeNi wt% 75.37 12.95 6.90 1.97 2.80
at% 87,43 7.28 3.66 0 . 6 8 0.93
Table 4.5: Compositions of phases present near the tip of the wedge shaped casting of 
Alloy 4.
Phase: Al Fe Ni Z r Mo V
a-Al
wt% 84.45 6.94 4.24 2.32 0.53 1.51
at% 92.37 3.69 2.14 0.75 0.17 0 . 8 8
AIpFeNi
wt% 75.46 11.45 4.23 4.60 1.64 2.62
at% 87.56 6.44 2.26 1.60 0.54 1.60
Table 4.6: Compositions of the phases present near the top of the wedge shaped casting 
of Alloy 2.
Phase: Al Fe Ni Z r
a-Al
wt% 97.83 1.52 0.28 0.37
at% 99.02 0.74 0.13 0 . 1 1
AljFe
wt% 61.24 33.48 5.22 0 . 0 1
at% 76.71 20.26 3.00 0 . 0 1
AlpFeNi
w t% 68.13 16.78 15.01 0 . 0 0
at% 81.93 9.75 8.29 0 . 0 0
AljZr
wt% 51.00 0.52 0.41 48.07
at% 77.64 0.38 0.28 21.70
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Table 4.7: Compositions of the phases present near the top of the wedge shaped casting
of Alloy 3.
Phase; A1 Fe Ni Z r Mo
a-Al
w t% 97.48 0.72 0.75 0.87 0.18
at% 98.98 0.35 0.35 0.26 0.05
AljFe
wt% 60.70 30.78 6.19 0.18 2.15
at% 76.77 18.80 3.60 0.07 0.77
AlpFeNi
wt% 68.07 16.23 15.15 0.18 0.37
at% 81.98 9.44 8.39 0.07 0 . 1 2
Al^Zr
w t% 52.34 0.67 0.65 46.03 0.31
at% 78.50 0,48 0.45 20.45 0 . 1 2
AlijMo
W t% 76.77 4.03 0.80 0,30 18.10
at% 91.00 2.34 0.45 0 . 1 1 6.09
Table 4.8: Compositions of the phases present near the top of the wedge shaped casting 
of Alloy 4.
Phase: Al Fe Ni Zr Mo V
a-AI
wt% 98.98 0.19 0.38 0.11 0.07 0.26
at% 99.54 0.09 0.18 0.03 0.02 0.14
AljFe
wt% 61.25 30.61 5.82 0.17 1.24 0.91
at% 76.95 18.57 3.36 0.06 0.44 0.61
AIjFeNi
wt% 68.98 15.81 15.05 0.00 0.04 0.12
at% 82.50 9.13 8.27 0.00 0.01 0.07
AlaZr
Wt% 52.56 2.43 1.10 41.89 0.44 1.58
at% 78.76 0.05 0.32 19.05 0.04 0.75
AltjMo
Wt% 78.29 3.93 0.87 0.24 16.62 0.05
at% 90.97 2.28 0.48 0.09 6.15 0.03
AlaV
Wt% 78.72 5.31 2.00 0.19 3.86 9.92
at% 88.73 2.91 1.05 0.06 1.24 6.00
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Table 4.9: Phases identified in the wedge shape castings by XRD.
Phase: Alloy 1 AUoy 2 Alloy 3 Alloy 4
tip top tip top tip top tip top
a-Al + + + + + 4- + 4-
AlçFeNi + + + + + 4_ 4- 4-
AljFe - 4- - + - 4- - 4-
AljZrDOjj - + - 4- - 4-
AlijMo - 4- - 4-
AlnV - 4-
+ : present 
- : not present
Table 4.10: Phases identified in the atomised alloy powders by XRD
Size fraction: Alloy 1 Alloy 2 Alloy 3 Alloy 4
-25 pm a-A l
AlgFeNi
a-A l
AlçFeNi
a-A l
AlgFeNi
a-A l
AlgFeNi
4-25 -45 pm a-A l
AlgFeNi
a-A l
AlgFeNi
a-A l
AlgFeNi
a-A l
AlgFeNi
4-45 -100 pm a-A l
AlgFeNi
a-A l
AlgFeNi
a-A l
AlgFeNi
a-A l
AlgFeNi
4-100-200 pm a-A l
AljFeNi
a-A l
AlgFeNi
a-A l
AlgFeNi
a-A l
AlgFeNi
Table 4.11: Composition of phases present in the -45 pm size fi*action of Alloy 1 
powder
Phase: Al Fe Ni
a-A l wt% 91.83 6.04 2.13
at% 95.93 3.05 1 . 0 2
AlgFeNi wt% 80.22 13.42 6.36
At% 89.50 7.23 3.26
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Table 4.12: Composition of phases present in the -45 pm size fraction of Alloy 2
powder
Phase: Al Fe Ni Z r
a-Al wt% 90.79 5.04 2.29 1.88
at% 95.73 2.57 1.11 0.99
AlgFeNi wt% 77.62 13.11 6.33 2.94
At% 88.47 7.22 3.31 0.99
Table 4.13: Composition of phases present m the -45 pm size fraction of Alloy 4 
powder
Phase: Al Fe Ni Z r Mo V
a-A l
wt% 82.86 7.28 3.96 3.19 0.90 1.82
at% 91.69 3.89 2.02 1.05 0.28 1.07
AlgFeNi
wt% 76.74 11.97 5.27 3.20 0.94 1.88
at% 88.05 6.64 2.78 1.08 0.30 1.14
Table 4.14: Lattice parameter of size fractions of atomised alloy powders.
Size fraction: Alloy 1 Alloy 2 Alloy 3 Alloy 4
-25pm 4.048 Â 4.048 Â 4.053 A 4.048 A
+25 -45pm 4.048 Â 4.049 Â 4.053 A 4.053 A
+45 -100pm 4.049 Â 4.049 A 4.054 A 4.055 A
+100 -200pm 4.050 Â 4.051 A 4.055 A 4.056 A
94
Table 4.15: Phases identified by XRD in the as extruded and as hot pressed alloys.
Phase: Alloy 1 
ER=18:1 or 
25:1
Alloy 2 
ER=18:1 or 
25:1
Alloy 3 
5:1
Alloy 4
a-Al + + + +
AlgFeNi + + +
AljZrLl^ - + +
+ : present 
- : not present
Table 4.16: Phases identified by XRD in the heat treated alloys.
Time: Alloy 1 
ER=18:1
Alloy 2 
ER=18:1
Alloy 3 
ER=5:1
Alloy 4
I h a-A l
AlgFeNi
a-A l
AlgFeNi
AlgZrLlz
a-A l 
AlgFeNi 
AlgZr L I2
a-A l
AlgFeNi
AlgZrLlz
10 h a-A l
AlgFeNi
a-A l
AlgFeNi
AlgZrLlz
a-A l
AlgFeNi
A ljZrLlj
a-A l
AlgFeNi
Al^ZrLlz
100 h a-A l
AlgFeNi
a-A l
AlgFeNi
AlgZrLlz
a-A l
AlgFeNi
AlaZrLlj
a-A l
AlgFeNi
AlgZrLlz
1000 h a-A l
AlgFeNi
a-A l 
AlgFeNi 
AljZr LI2
a-A l
AlgFeNi
Al^ZrLlz
a-A l
AlgFeNi
A ljZ rL lî
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Table 4.17: Phases identified by XRD in the heat treated alloys 1 and 2.
Time: Alloy 1 
ER=25:1
Alloy 2 
ER=25:1
as extruded a-A l a-A l
AlgFeNi AlgFeNi
AijZrLls
I h a-A l a-A l
AlgFeNi AlgFeNi 
AlgZr LI2
10 h a-A l a-A l
AlgFeNi AlgFeNi
Al3ZrLl2
100 h a-A l a-A l
AlgFeNi AlgFeNi
AlgZrLl2
Table 4.18: Microhardness (VHN) of Alloy 1 and hardness values (VHN) of Alloys 2,3 
and 4 at the tip of wedge castings.
Hardness (VHN) Alloy 1 Alloy 2 Alloy 3 Alloy 4
Microhardness
Hardness
283+6
156+18 215+13 226+16
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Table 4.19: Hardness (VHN) of atomised alloy powders.
Hardness Alloy 1 Alloy 2 Alloy 3 Alloy 4
(VHN)
Powder
-45 pm -50 pm -45 pm -45 pm
Zone A 287+24 280+35 270+34 297+20
ZoneB 111+56 150+73 157+72 213+77
Table 4.20: Hardness (VHN) of Alloys 1 and 2, extruded at ER=18:1 and heat treated at 
673 K (400°C) for different times.
Alloy: As
extruded
I h 10 h 100 h 1000 h
Alloy 1 165+6 156+2 138+3 130+2 119+2
Alloy 2 201+7 195+5 193+4 189+3 166+5
Table 4,21: Hardness (VHN) of Alloys 1 and 2, extruded at ER=25:1 and heat treated at 
673 K (400°C) for different times.
Alloy As extruded I h 10 h 100 h 1000 h
Alloy 1 159+6 158+2 153+3 136+2 121+2
Alloy 2 199+7 207+5 204+6 193+5 177+4
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Table 4.22: Hardness (VHN) of Alloy 3, extruded at ER=5:1 and heat treated at 673 K
(400°C) for different times.
As
Extruded
l b  
at 673 K
10 h
at 673 K
100 h
at 673 K
1000 h 
a t 673 K
256+14 249+9 241+9 231+10 218+7
Table 4.23: Hardness (VHN)of Alloy 4, as hot pressed and heat treated at 673 K 
(400°C) for different times.
As hot 
pressed
I h
at 673 K
10 h 
at 673 K
100 h
at 673K
1000 h 
a t 673 K
338+12 341+16 338+12 319+15 287+20
Table 4.24: Tensile properties of extruded and heat treated Alloy 1, at 673 K (400 C) 
(ER=18:1).
Property: as extruded I h 10 h 100 h
UTS (MPa) 510+5 485+3 448+8 404+4
YTS (MPa) 437+5 430+5 373+2 339+3
e(% ) 1.5 3.9 3.6 3.6
E (GPa) 86 87 80 84
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Table 4.25: Tensile properties of extruded and heat treated Alloy 2, at 673 K
(400 C) (ER=18:1).
Condition: as extruded I h
UTS (MPa) 635+11 547+5
YTS (MPa) 567+7 486+2
e(% ) 1.3 .1.2
E (Gpa) 98 96
Table 4.26: Tensile properties of extruded and heat tr eated Alloy 1, at 673 K 
(400 C) (ER=25:1).
Condition: as extruded I h 10 h 100 h 1000 h
UTS (MPa) 474+20 440+5 405+2 373+15 345+3
YTS (MPa) 404+18 388+3 338+8 296+7 253+4
e(% ) 6.6 7.5 6.2 4.1 4.4
E (GPa) 85 72 81 74 84
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Table 4.27: Tensile properties of extruded and heat treated Alloy 2, at 673 K
(400 C)(ER=25:1).
Condition: as extruded I h 10 h 100 h 1000 h
UTS (MPa) 596+6 581+8 563+16 477+4 472+5
YTS (MPa) 547+1 553+5 526+8 459+2 419+10
e(% ) 1.3 1 1.1 1.1 1.2
E (GPa) 97 96 90 90 97
Table 4.28: Evolution of the <1 1 1> component of the a-Al phase of the Alloy 1 
extrusions after heat treatments.
Condition: Intensity
ER=18:1, as extruded 8.50
ER==18:1, 1000h a t 673 K 6.50
ER=18:1,2000 h a t 673 K 9.90
E R = 1 8 :l,lh a t8 7 3 K 16.90
E R =18:l,100hat873K 39.50
ER=25:1, as extruded 10.40
ER=25:1, 1000h a t 673 K 18.69
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Table 4.29: Densities (g/cm^) of consolidated alloy powder particles.
Alloy 1 (ER=18:1) Alloy 2 (ER=18:1) Alloy 3 (ER=5:1) Alloy 4 
(hot pressed)
2.941 3.015 3.003 3.105
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Figure 4.1: The microstructure at the tip of the wedge shape casting of alloy 1. (a) 
optical micrograph, (b) TEM bright field image showing microeutectic 
microstructure.
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Figure 4.2: Optical micrograph of the first AlgFeNi dendrites formed near the tip of 
the Alloy 1 wedge shaped casting.
«%
Figure 4.3: Optical micrograph showing the needle and star shaped AljFe particles 
formed in the Alloy 1 wedge shaped casting.
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Figure 4.4: Optical micrograph of the Alloy 1 at the top of the wedge shaped casting.
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Figure 4.5: Optical micrographs of the microstructure at the tip of wedge shaped 
castings of (a) Alloy 2 and (b) Alloy 3.
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1
Figure 4.6: SEM micrograph of Alloy 2 microstructure at the top of the wedge 
shaped casting (back scattered electron image).
Figure 4.7: SEM micrograph of Alloy 3 microstructure at the top of the wedge 
shaped casting (back scattered electron image).
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Figure 4.8: SEM micrograph of Alloy 4 microstructure at the top of the wedge 
shaped casting (back scattered electron image).
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Figure 4.9: Size analysis of the atomised alloy powders, a. Alloy 1, b. Alloy 2, c. 
Alloy 3, d. Alloy 4.
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Figure 4.10: SEM micrograph of powder particle of alloy 2 with Zone A type of 
microstructure (secondary electron image).
Figure 4.11: SEM micrograph of powder particle of alloy 2 with Zone B type of 
microstructure (secondary electron image).
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Figure 4.12; SEM micrograph of a powder particle of alloy 1 showing Zone A-Zone 
B type of microstructure. The arrow indicates a nucléation event (secondary electron 
image).
Figure 4.13: SEM micrograph of a larger particle of alloy 2 containing cubic 
precipitates (back scattered image).
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Figure 4.14: SEM micrograph of cubic precipitates present in larger powder particles 
of alloy 2  (secondary electron image).
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Figure 4.15: EDX analysis of cubic precipitates present in large powder particles of 
alloy 2 .
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Figure 4.16: a. DSC scan +25 -45 )Lim powder size fraction of Alloy 1, b. base line 
trace for the same sample.
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Figure 4.17; DSC scan o f+25 -45 jam size fraction of Alloy 2 powder particles.
Figure 4.18: DSC scan of -25 pm of Alloy 3 powder particles.
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Figure 4.19: DSC scans of a. -25 \im, b. +25 -45, c. +45 -100 and d. +100 -200 
Jim size fractions of Alloy 4 powder particles.
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Figure 4.20: SEM micrograph of extruded alloy 1 (transverse section) (ER=18:1) 
(secondary electron image).
m
Figure 4.21: TEM micrograph of extruded alloy I, ER=18:1.
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Figure 4.22; SEM micrograph of extruded Alloy 2 (longitudinal section, ER=18:1) 
(secondary electron image).
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Figure 4.23: SEM micrograph showing an undeformed powder particle present in the
extruded Alloy 2, ER=18:1 (secondary electron image).
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Figure 4.24: (a) TEM micrograph of a needle shaped precipitate which was present in
the extruded Alloy 2, ER=18;1, (b) EDX analysis of this particle.
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Figure 4.25: (a) TEM micrograph of a Llj-AljZr particle present in the Alloy 2 
extrusions, ER=18:1, (b) Diffraction pattern of particle in (a), zone axis [0 0 1].
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Figure 4.26: SEM micrograph of as extruded Alloy 1, ER=25:1 (secondary electron 
image).
Figure 4.27: SEM micrograph of as extruded Alloy 2, ER=25:1 (secondary electron 
image).
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Figure 4.28: SEM micrograph of as extruded Alloy 2 (ER=25:1), showing the LI j- 
AljZr free zones (back scattered electron image).
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Figure 4.29: Optical micrograph, showing Alloy 3 extrusions (longitudinal section).
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Figure 4.30: SEM micrograph of hot pressed Alloy 4 powder (secondary electron 
image).
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Figure 4.31: DSC traces of a. as extruded Alloy 1, b. as extruded Alloy 2, c. as
extmded Alloy 3, d. as hot pressed Alloy 4. For a,b ER=18:1.
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Figure 4.32: DSC traces of a. as extruded Alloy l ,b.  as extruded Alloy 2, both with
ER=25:1.
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Figure 4.33: SEM micrograph of Alloy 1, heat treated at 673 K for 10 h, ER=18:1 
(secondary electron image).
Figure 4.34: SEM micrograph of Alloy 1, heat treated at 673 K for 1000 h, ER=18:1
(secondary electron image).
124
Figure 4.35: SEM micrograph of 25:1 extruded Alloy 1, heat treated at 673 K for 
1 0 0 0  h (secondary electron image).
Figure 4.36: SEM micrograph of 25:1 extruded Alloy 2, heat treated at 673 K for 100
h (secondary electron image).
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Figure 4.37: SEM micrograph of 5:1 extruded Alloy 3, heat treated at 673 K for 1000 
h (secondary electron image).
Figure 4.38: SEM micrograph of hot pressed Alloy 4, heat treated at 673 K for 1000
h (secondary electron image).
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Figure 4.41: Hardness at the tip of the wedge chill castings of the alloys.
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Figure 4.42: Hardness of the -45 pm size fractions of alloy powders (-50 pm for 
alloy 2 ).
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Figure 4.43; Hardness of alloys 1 and 2 heat treated at 673 K (ER=18:1)
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Figure 4.44: Hardness of alloys 1 and 2 heat treated at 673 K (ER=25:1)
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Figure 4.45: Hardness alloys 1 and 2 heat treated at 673 K
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Figure 4.46: Har dness of alloy 3 heat treated at 673 K (ER=5:1).
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Figure 4.47: Hardness of alloy 4 heat treated at 673 K.
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Figure 4.48: Tensile properties of alloy 1, heat treated at 673 K (ER=18:1),
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Figure 4.49: Elongation of alloy 1 heat treated at 673 K (ER=18:1).
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Figure 4.50: Tensile properties of alloys 1 and 2 heat treated at 673 K (ER=25:1).
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Figure 4.51: Elongations of alloys 1 and 2 and heat treated at 673 K (ER=25:1),
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Figure 4.50: SEM micrograph of a fracture surface of tensile test specimens of alloy 
1 (secondary electron image).
Figure 4.51: SEM micrograph of a fracture surface of tensile test specimens of alloy
2 (secondary electron image).
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Figure 4.52: (a) SEM micrograph showing a foreign particle on the fracture surface 
of a tensile test specimen of Alloy 2, b. EDX analysis of the particle (ER=18:1).
134
Figure 4.53: Pole figure of the <2 2 2> component of the a-Al in the Alloy 1 
extrusions, ER= 18:1.
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Figure 4.54: ODFs of Alloy 1 (ER=18:1) a. as extruded, b. 100 h at 673 K, c. 2000 h 
at 673 K, d. 1 h at 873 K, e. 100 h at 873 K.
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bFigure 4.55: ODFs of Alloy 1 (ER=25:1), a. as extruded, b. 1000 h at 673 K.
t
B .
Figure 4.56: Pole figure of the <2 2 2> component of the a-Al in Alloy 2 extrusions, 
ER=18;1.
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CHAPTERS
DISCUSSION OF THE EXPERIMENTAL RESULTS
5.1 M icrostructures of Chill Cast and Atomised Powders
The microstmcture and properties of RS products are directly related to the cooling 
rates and undercoolings experienced by the melts (see §2.4). The methods used in this 
work were chill casting and HPGA.
The cooling rates experienced by a melt in a wedge shaped chill mould can be 
calculated using eq. 2 .1 , which is reproduced again below
In eq. 5.1 T^^n, T^ are the temperatures of the melt and the mould respectively, c is the 
heat capacity of the melt, z is the thickness of the wedge and h is the heat transfer 
coefficient. For an A1 melt pouied at 1200 K and assuming h=4xl0^ Wm'^K'^ (Biloni, 
1983) the calculated cooling rates for the mould used would be in the range 3.3x10^ 
Ks'^ to 443 Ks’’ for wedge thicknesses 20 pm and 15 mm respectively.
In gas atomisation the droplets are cooled by a stream of fast flowing gas. Heat is 
transfened by convection between the melt and the gas. In figure 5.1 a method for 
calculating the droplet velocities is presented. If the flight distance of a paificle is 
divided in n equal distance steps of length dz, then the particle covers the distance dz 
between two points on its trajectory i and i+1 in time dt=t(i+l)-t(i). Distance dz is 
represented on figure 5.1a by the shaded area which is equal to
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(5.2)
where u(i), u(i+l) aie the velocities of the particle at points i and i+1 respectively. But 
u(i+l) can also be calculated from
u(i + 1) = u(i) + ^ c f f  (5.3)
where du/dt is the acceleration of the particle given by (Geiger and Poirier, 1973)
dt 2 dm dp
In eq. 5.4 dg and d^ , are the gas and melt densities respectively, dp is the droplet 
diameter, U is the difference of gas and droplet velocities (U=Ug-Up) and C is the drag 
coefficient given by (Clift et al, 1978)
c  = 0.28 + (5.5)
where Re is the Reynolds number
Re = +  (5.6)
where Pg is the viscosity of the atomising gas. By combining equations 5.2 and 5.3 
the u(i+l) and dt can be calculated and the velocity profiles of the particles can be 
plotted (figure 5.2).
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The convective heat transfer coefficient can be calculated from (Ranz and Maishall, 
1952)
A = ^  (2 + 0.6 Re"’ Pr"” )  (5.7)dp
where K is the thermal conductivity of the gas and Pr is the Prandtl number
where Cg is the specific heat of the gas.
For an A1 alloy atomised using He the mean values of the heat transfer coefficient are 
in the range from 4.5x10'^ Wm'^K'* for a 10 pm droplet to 8.4x10^ Wm'^K"’ for a 150 
pm droplet (see table 5.1 and figure 5.3).
The cooling rates can be calculated fiom the heat balance equation for the droplet and
-6h(T„. - T J  = d„ d , [ C ^  - L ^ ]  (5.9)
the nucléation rate equation (Grand et al., 1993, D.Tumbull, 1950)
In eqs 5.9 and 5.10 L is the latent heat of fusion of the melt, f  is the solid fraction, kg, 
hp are Boltzmami’s and Planck’s constants respectively, Q is the activation energy for 
diffusion in the melt, y is the solid/liquid surface energy, AT is the droplet 
undercooling, 9 is the solid/liquid/nucleant contact angle and g(0) is the catalytic
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efficiency for heterogeneous nucléation given as
The mean values of cooling rates for A1 droplets with initial temperature of 1200 K 
will be in the range firom 1 1 .7x10^ Ks’^  for a 10 pm droplet to 4.5x10^  ^Ks’* for droplets 
with a diameter of 150 pm (see table 5.2 and figure 5.4).
In these calculations the following assumptions were made:
-The droplets are formed at the point of atomisation (i.e. tlie point where the gas 
impinges with the melt stream).
-The initial velocity of the droplets is zero and gravity forces are ignored.
-The droplets aie spherical and follow linear trajectories.
-Convection is the only heat transfer mechanism that is responsible for the cooling of the 
droplets.
-The value of g(0) is assumed g(0)=O for droplets with 200 pm diameter (Mathur et al, 
1989) and g(0)=l for droplets with 1 pm diameter (Levi and Mechrabian, 1982).
-The gas velocity is maximum at the point of atomisation and it can approximated with 
axial distance z fiom the atomisation point as (Grant et al, 1993):
Mg-Wg,expl ~  ](5.12)
where Ug is the axial gas velocity, Ug, is the initial axial gas velocity and is the 
exponential decay coefficient which for our conditions has a value of X=Q.59 (Grant et 
al, 1993).
The calculated cooling rates in Table 5.2 are in good agreement with similar 
calculations done by Stone and Tsakiropoulos (1992), (see Table 5.3). However, the 
cooling rates calculated fiom microstructural studies of the a -A l cell sizes in 
atomised powders are two orders of magnitude lower (see table 5.3). This difference 
is attributed to the recirculation of the gas and powder particles in the atomisation 
chamber, which bring particles back to hot regions such as the atomisation zone or
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increase the temperature of the gas.
The tiends in velocity profiles and in heat tiansfer coefficient shown in figures 5.2 and 
5.3 respectively are in agreement with results published by other researchers. For 
example, the recent results of Grand et al. (1993) for N2 atomised Al-4wt%Cu alloys 
are reproduced in table 5.4. However, the values of the heat transfer coefficients and 
consequently the cooling rates are significantly lower in the case of the Nj atomised 
alloys than the ones presented in this work and by Stone and Tsakiropoulos (1992) for 
the He atomised alloys. This is because He is a much more efficient heat sink than 
N2, since He has higher thermal conductivity and specific heat than Nj and also higher 
gas velocities can be achieved when He is used in gas atomisation instead of N 2.
The microstmcture of the wedge shaped ingot of Alloy 1 consisted of an a-Al cellular 
structuie without inteimetallics at the tip and up to a wedge thickness of about 300 
p,m (see §4,1). The cooling rate at this point should have been about 22x10* Ks'  ^
according to equation 5.1. This rate is somewhat higher than the one estimated by 
Stone and Tsakiropoulos (1992) for a 15.7 p,m He atomised Al-4wt%Cu particle 
(table 5.3). The above are consistent with the microstructure of powder particles with 
diameters between 1 0  and 2 0  p,m, which exhibited featureless microstructures without 
any primary intermetallics (see §4.2.1 and 4.2.2).
The transition from an optically featureless microstmcture to one containing 
intermetallics occured for a particle size which was larger for the powders of alloy 1 
(about 20 jam) than for alloys 2 to 4 (<10 jam) owing to the higher amount of alloying 
additions present in Alloys 2, 3 and 4 (see §4.2.2). Again this is in agreement with the 
microstmctures of the wedge shaped castings of Alloys 2, 3 and 4, where no 
intermetallics free microstmctures were observed at the tips of the wedge shaped 
castings.
Assuming that the probability of tlie presence of an active nucléation site in a powder 
particle is proportional to its size, it is suggested that particles with diameters less than
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20 and 10 pm, for alloy 1 and 2 to 4 alloys respectively, had achieved the highest 
undercoolings. The various types of microstructures of the -25 pm size fraction of 
powders, which were described in §4.2.2, resulted from different solidification 
histories arising from differences in the levels of undercooling and cooling rate 
experienced by the powder particles. It is likely that the variation in the potential for 
heterogeneous nucléation was strongly responsible for the variability of the 
microstmcture from powder to powder of a given size.
The smaller the powder size fr action of an alloy the stronger were the effects of RS on 
the microstmcture of the powder particles. Lattice parameter measurements of the 
various size fractions of the powders showed that the a-Al lattice parameter decreased 
with increasing powder size (see table 4.14). This is because, with the exception of 
Zr, all other alloying elements decrease the lattice parameter of a-Al (see figures 2.12, 
2.15, 2.17, 2.21 and 2.24). The finer the powder paificles, the smaller was the a-Al 
lattice pai'ameter, which suggested the formation of extended a-Al solid solutions. 
Furthermore, the DSC studies of the various size fr actions of alloy powders showed 
more pronounced exothermic peaks for the finer size fractions (see figures 4.16 to 
4.19), which again indicates that higher amounts of solute were retained in solid 
solution in the smaller particles during gas atomisation.
Further up in the wedge shaped castings and up to a thickness of about 2.5 mm the 
microstmcture consisted of a-Al and AlgFeNi dendrites (see §4.1). In this region of 
the wedge the cooling rate should have been about 2.6x10^ Ks‘* according to equation 
5.1. According to Stone and Tsakiropoulos (see table 5.3) similar cooling rates would 
have been experienced by powder particles of diameters between 62.8 and 1 0 0  p-m, or 
larger than 150 pm according to the data in table 5.2. The microstructuial studies 
showed that powder particles with diameter up to 1 0 0  pm consisted of dendritic 
AlpFeNi in an a-Al matrix (see §4.2.2). The XRD data of this work as well as the 
data of Shao et al. (1993) for Al-8Fe-4Ni-lMo alloy powders confiimed only the 
presence of a-Al and AlpFeNi in powder particles with diameters up to 200 pm.
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The predominant nucléation maps calculated by Shao et al. (1993) for Al-Fe-Ni alloys 
(figure 5.8) also suggest that the solid solubilities of Fe and Ni in a-Al increase as the 
particle size decreases or the cooling rate increases and that AlgFeNi formation is 
favoured over the formation of A^Fe. Indeed, although the equilibrium phase 
diagram of the Al-Fe-Ni system (see figure 2.27) predicts precipitation of Al^Fe as the 
primary phase and formation ofAlpFeNi via a peritectic reaction for Al-8 wt%Fe- 
4wt%Ni alloys, in the gas atomised and the chill cast alloys the formation of primary 
AljFe was suppressed and AlpFeNi precipitated. The metastability of the 
microstmcture produced by atomisation and chill casting was also reflected in the 
Fe/Ni ratio of the AlpFeNi, which was close to 2 in the RS products (both atomised 
powder and tips of chill cast ingots), while in the AlpFeNi present in the top of the 
wedge shape castings, where the cooling rates are lower, this ratio was approximately 
1.
In the Zr containing alloys the Al^Zr phase was present in the +45 -100 pm and +100 - 
200 pm powder size fractions (see §4.2.2). This intermetallic exhibited mainly the 
metastable L I2 rather than the stable DO23 str ucture. The suppresion of the formation 
of L I 2 AljZr in the -45 pm size fraction could be attributed to two reasons. First, it 
has been reported that the solid solubility of Zr in Al-Zr alloys can be extended by 
melt quenching techniques up to 9.4wt% (Chaudhmy and Surynarayana, 1984), see 
also §2.6.4.1 . This should make possible the formation of a supersaturated solid 
solution in the Zr containing alloys when the a-Al formed first fi-om the melt under 
the highest melt undercooling conditions. Second, it seems that AlpFeNi can 
accommodate a significant amount of Zr under RS conditions as revealed by the 
EPMA analysis of the powders, see Tables 4.12 and 4.13. Thus, when AlpFeNi 
formed from the melt as the primary phase instead of a-A l rmder lower melt 
undercoolings it suppressed the precipitation of AlgZr. Therefore, the formation of 
AlgZr at the beginning of solidification was rapidly suppressed and replaced by a-Al 
and optically featureless microstmctures in the smaller powders or by growth of 
AlpFeNi dendrites in the larger particles under lower solidification rates. The 
precipitation of Al^Zr was restricted in the inderdentritic areas between the primary
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dendrites. The AlgZr particles exhibited cubic or four fold symmetric star forms (see 
figure 4.14) which is a common feature of numerous coherent particles of LI; 
structure in FCC matrixes (Grosdidier et al., 1998a).
In the Mo and V containing alloys no Al^Mo or Al^V phases seemed to be present in 
the powder particles or anywhere close to the tip of the wedge shaped casting (see 
§4.1 and 4.2.2). Rapid quenching from the melt can retain up to 2.4at% of Mo (Guest, 
1983) and up to 2at% of V (Kim and Froes, 1988) in solid solution in a-Al (see also 
§2.6.5.1 and 2.6.6.1). It seems that these elements were in solid solution in a-Al or 
they were incorporated in the AlpFeNi dendrites, as the chemical analyses of these 
phases suggest (see Tables 4.1 to 4.8 and 4.12, 4.13). Vanadium may also substitute 
for Zr in Al^Zr both in the L I; and the DO;; types of structure (see §2.6.6.1). This is 
supported by the chemical analysis of the DO;;-Al;Zr phase present in the top of the 
wedge casting of Alloy 4, see table 4.8.
5.2 Microstructures of as Extruded Materials
The differences in the microstmctures of the as extmded materials (see also §4.3.1 and 
4.3.3) could be attributed to the type of alloy and the powder size fraction used to 
prepare them, as well as to the extmsion conditions used.
Alloys 1 and 2 were successfully extmded using extrusion ratios of 18:1 and 25:1. 
The -45 pm size fraction was used for the 18:1 extrusion of Alloy 1, while the -50 pm 
size fraction was used for the 18:1 extmsion of Alloy 2. The +50 -100 pm size 
fractions were used for the 25:1 extmsions of alloys 1 and 2 (see also §3.6).
The phases present in the two extrusions of Alloy 1 were a-Al and AlpFeNi. This is 
consistent with earlier observations on Al-Fe-Ni alloys, where it was also concluded 
that the AlpFeNi phase formed under RS conditions is very stable (Shao et ah, 1993 
and Shao et ah, 1994).
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The microstructures of the powders used for the Alloy 1 extrusions consisted only of 
the a-Al and AlpFeNi phases. The DSC studies of these powders (see fig 4.16) 
showed the presence of only one broad exothermic peak between 523 K and 923 K in 
the temperature range studied (323 to 973 K). This exotheimic reaction was 
associated primarily with the precipitation of Fe and Ni fiom solid solution during 
heat treatment and coarsening of the dispersoids already present in the as rapidly 
solidified microstmcture. The above is consistent with previous observations on 
similar alloys (Skinner et al., 1981, Premkumar et al., 1992). The powders were 
extmded at 573 K (300°C), which, as the DSC results suggest, should not result in any 
phase transformation during this process. The XRD studies also verified this since no 
other phases than a-Al and x were found in the as extmded materials (see table 4.15).
The two extmsions of Alloy 1 exhibited a banded microstmcture parallel to the 
extmsion direction. This feature has been observed before in extrusions of rapidly 
solidified powders (Shao et al., 1993, Premkumar et al., 1992). The banded 
microstmcture is attributed to the presence of powder particles with different 
microstmctures within the same powder size range. During extmsion heterogeneous 
deformation is generated because of the differences in hardness between the smaller 
particles, with Zone A type microstmcture, and the laiger ones with Zone B type of 
microstmcture (see table 4.19). Enhanced plastic deformation within the softer areas 
could contribute to increased coarsening rates of the second phase particles and could 
also accelerate the a-Al grain growth during dynamic recovery and reciystallisation. 
This process would result to the formation of bands made of larger A1 grains 
containing fewer and larger AlgFeNi particles. Coarsening and grain growth also took 
place in the finer bands originating from the harder particles but at a reduced rate, due 
to the lower strain component (Grosdidier et ah, 1988b). The banded microstmcture 
was more pronounced in the material extruded at 18:1 ratio than in the material with 
ER=25:1 (see §4.3.1 and 4.3.2). In the 25:1 extmded material the coarser bands were 
wider due to the fact that the powders used for this extmsion were mainly composed 
of Zone B microstmcture. In the 18:1 extruded material the high population of fine
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particles (-20 |iin), meant that almost 50% of the powders had Zone A 
microstmctures, thus the banding effect was more pronounced.
The size fraction of the powder particles used for the extrusions of alloy 2 had 
significant effects on the microstmcture of the extrusions. In the 18:1 extmded 
material the presence of considerable population of fine particles with diameters up to 
10 jam and Zone A type microstmcture resulted in the retainment of many 
undeformed particles and the formation of porosity associated with these particles. In 
the 25:1 extmded material the smaller population of fine powder paiticles powders 
resulted in fewer undeformed particles observed in the extrusions and significantly 
lower levels of porosity than in the 18:1 extmded material. This effect of the small 
particles is attributed to their significantly higher hardness when compared with the 
larger particles, see table 4.19.
In the extmsions of Alloy 2 the Al^Zr phase was identified together with the a-Al and 
AlgFeNi phases (see table 4.15). There were two types of the Al;Zr particles. The 
first type was Llg-Al^Zr which formed in the interdendritic areas of the powder 
particles during atomisation. This phase was mainly present in the larger powder 
particles with sizes larger than 50 pm, therefore its presence was more frequent in the 
25:1 extmded material, which was prepared from the +50-100 jam size fraction of the 
atomised powders.
The second type was needle like D0 2 ;-Al;Zr. It is known that DOja-AljZr can form 
from Ll;-Al;Zr after prolonged exposure to high temperatures. In our case this did 
not seem possible since the powders were only exposed to temperatmes up to 573 K 
for 4 h. The DSC studies of Alloy 2 powders did not suggest any other reaction apart 
fi'om the broad exothermic peak also present in the DSC scans of Alloy 1 powders, 
and another exothermic peak between 573 and 623 K, which was associated with 
precipitation of Llg-Al^Zr.
The tetragonal DOg^-Al^Zr forms after annealing at temperatures above 783 K (510°C)
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(Ohashi and Ichikawa, 1972). Chung et al., 1995 reported that in a melt spun Al- 
3at%(Ti,V,Zr) alloy the L l2-Al;(Zr,Ti,V) phase did not transform to the DO23 type 
structure even after 400 h at 698 K (425°C). The fact that these precipitates were 
most often observed at the Al/x interfaces suggests that they nucleated 
heterogeneously there. Their nucléation and growth was favoured at the Al/x
interfaces because of the significant amount of Zr that was retained in the AlgFeNi 
under rapid solidification. A similar mechanism was suggested in an Al-Cu-Zr alloy, 
where the formation of needle like D0 2 3 -Al;Zr was believed to originate from 
heterogeneous nucléation at O' precipitates that subsequently dissolved (M. Watts et 
ah, 1976).
Finally a third type of Al^Zr is possible to be present in the Zr containing alloys 
extmsions. This should be metastable, L I; type of structure, Al;Zr that precipitated 
from supersaturated solid solution during extmsion and heat treatment. Although 
such particles were not observed in the microstmctures, perhaps due to their small size 
and/or small volume fraction. Their presence was suggested by the results of the DSC 
and XRD studies of the atomised and extmded powders. As described in the previous 
chapter, the Zr containing materials were exhibiting an exothermic peak aiound 623 K 
(350°C). This peak is attributed to the precipitation of the metastable L l 2-Al;Zr.
In the powders of Alloy 3 and 4 the high volume fraction of intermetallics (>35%) 
prevented the extmsion of these powders at high extmsion ratios and in the case of 
Alloy 4 it prevented the extrusion altogether. The higher temperature used to extmde 
alloy 3 enhanced the precipitation of L l 2-Al;Zr, which was detected in the as extruded 
material by XRD (see Table 4.15).
The presence of a large population of fine particles and the lower extmsion ratio led to 
poor consolidation of alloy 3, with the presence of many undeformed powder particles 
and large amounts of porosity. A banded microstmcture was not observed since the 
large softer particles were only partially deformed adopting an oval shape. It seemed 
that these particles had generally retained their as rapidly solidified microstmcture
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(see figui-e 4.29).
In Alloy 4 the as hot pressed powders, again seemed to have retained the as atomised 
microstmctures. The lack of shearing and plastic deformation that occurrs during 
extmsion resulted in a microstucture which was different from those of the extmded 
powders. Individual powder particles were still clearly visible and large amounts of 
porosity were present as a result of gaps formed between partially deformed large 
particles, see figure 4.30.
5.3 Microstructures of Extruded and Heat Treated Materials
The extmded and hot pressed materials were heat treated at 673 K (400°C) for up to 
1 0 0 0  h.
In Alloys 1 and 2 no significant changes were observed for heat treatments of up to 10 
h. The microstructure remained essentially as it was for the as extmded materials. 
After 100 h and 1000 h of heat treatment the microstmcture started to become coarser 
and the banded stmcture in Alloy 1 was replaced by a fairly uniform distribution of 
AlgFeNi particles with sizes of about 2 to 3 pm (see figures 4.34 and 4.35).
It has been reported that the coarsening kinetics in the Al-Fe-Ni system are consistent 
with a grain boundary diffusion model (Premkumar et ah, 1992) in which the 
relationship relating dispersoid size to heat treatment time is (Martin and Doherty, 
1976)
(5.13)
where dj is the average diameter of dispersoids at time t, dg is the initial diameter of 
the dispersoids, k' is the rate constant and t is the heat treatment time. Experimentally 
determined rate constants for Al-Fe-Ni alloys for various alloy compositions and heat 
treatment temperatures are given in table 5.5. In Alloy 1, where the volume fi*action
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of intermetallics was about 30% and the initial diameter of the x dispersoids was about 
1 pm, equation 5.11 gives a rate constant of about 4.2x10'^^ cmVs. This calculated 
value is one order of magnitude higher than the experimentally determined rate 
constant which is given as 2.06x10^^ cmVs by Premkumar et al. (1992) for heat 
treatments at 723 K (450°) for an Al-5.9wt%Fe-6.0wt%Ni alloy with a volume 
fraction of intermetallics of 0.32. This difference is attributed to the higher 
metastability of the alloys studied in this work, when compared with the alloys 
studied by Premkumar et al. (1992).
The microstmcture of Alloys 3 and 4 did not change significantly even after 1000 h at 
673 K (400°C). The as rapidly solidified features of the microstmctuie, such as the 
Zone A type microstmcture of the small particles and the dendritic stmctures of the 
larger ones were retained. The break-up of the as rapidly solidified microstmctures 
can be achieved either by annealing at high temperatures or by deformation. The first 
method results in coarsening of the intermetallics present in the material and low 
strength. The deformation induced break-up can be achieved at lower temperatures, 
thus significant coarsening of the intermetallics can be avoided. The degree of break­
up of eutectic AlgFeNi stmctures in a forged Al-7.4wt%Fe-6.1wt%Ni alloy after 65% 
reduction at a low forging temperature was comparable to that after annealing for 1 h 
at 728 K (455°C) (Kim and Griffith, 1986). The low degree of deformation that 
Alloys 3 and 4 had undergone after extmsion and hot pressing resulted in minor 
effects on the microstmctures of the powders. The subsequent heat treatment at 673 K 
(400°C) had very little effect on the as extmded and as hot pressed microstmctures. 
Furthermore, the presence of Mo in both alloys seemed to stabilise the as rapidly 
solidified microstmcture (see also §2.6.5.1). Heat treatment at 673 K (400°C) for 4 h 
of Al-4.7at%Fe and Al-4.1 at%Fe-0.6 at%Mo alloys showed that the ternary alloy 
microstmcture appeared to be more stable than the one of the binary alloy. Finally V, 
which according to the literature (Bi and Loretto, 1990) precipitates at the grain 
boundai'ies after annealing at temperatures between 623 aud 723 K, did not seem to 
precipitate at the heat treatment temperature. As suggested by the DSC studies, this 
precipitation seemed to be initiated at temperatures slightly higher than 673 K
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(400°C).
5.4 Hardness
In the wedge cast alloys the microhardness of the cellular a-Al structure formed at the 
tips of the wedge castings was 284 VHN. Similar values of hardness were measured 
in fine paificles with Zone A microstuctures (see Table 4.18 and 4.19). These values 
are in good agreement with values reported for similar alloy compositions and type of 
microstmctures by other researchers. Dermarkar (1986) reported hardness values of 
295 HVN and 90 HVN for Zone A and Zone B types of microstmcture respectively in 
a melt spun Al-8 wt%Fe alloy.
The addition of alloying elements and the resulting increase of the volume fraction of 
intermetallics seemed to affect only the hardness of the Zone B type of microstmcture. 
The hardnesses measured in the Zone A type microstmcture of all four alloys studied 
in this thesis did not show significant differences, as all had a hardness of about 280 
HVN (see Table 4.19). However, in the Zone B microstmctures the hardness 
increased with increasing alloying additions. This trend was also clear for the 
extmded and heat treated materials. The higher the volume fraction of intermetallics, 
the higher was the hardness (see Tables 4.20 to 4.23).
No age hardening response was observed for the Zr containing alloys after heat 
treatment. This may be a result of the precipitation of the Llj-AljZr phase in these 
alloys during extrusion or hot pressing. In Alloy 2 (ER=18;1) the precipitation may 
have resulted from the adiabatic heating or enhanced dynamic recovery and 
recrystallization during deformation. In Alloys 3 and 4 the powders were exposed to 
higher temperatures during extmsion and hot pressing 673 K (400°C), which may 
have resulted in the precipitation of Ll;-Al;Zr during extrusion.
In the 18:1 extmsions of Alloys 1 and 2 the -45 and -50 pm size fractions were used. 
The percentages of the -20 and -10 pm powder particles present in these size fractions
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can be calculated as about 50% and 15% respectively from the powder size analysis, 
and may approach the volume fraction of Zone A type of microstmcture in these 
powders. If we then calculate the hardnesses of the extmded alloys 1 and 2, using a 
rule of mixtures type of calculation, assuming a hardness mean value of 280 VHN for 
the Zone A type microstmcture for both alloys and 111 and 150 VHN for the Zone B 
type microstmcture for Alloys 1 and 2  respectively, we get values of 189 VHN for 
Alloy 1 and 170 VHN for Alloy 2. These values, when compared with the 
experimentally measured ones for these alloys, are higher for Alloy 1 (measured value 
158 VHN) and lower for Alloy 2 (measured value 199 VHN). Two reasons could be 
responsible for these differences. First, the wide distribution of hardness values 
among powder particles. The second reason is related with microstmctural changes 
during extmsion. In Alloy 1 the difference could be explained by the coarsening of 
the microstmcture due to dynamic recovery and recrystallization during extmsion. In 
Alloy 2 dynamic recovery and recrystallization may have resulted in some coarsening 
of the microstmcture but also in the precipitation of Llj-AljZr, as revealed by the 
DSC studies. This precipitation may have caused some strengthening of the extmded 
material.
The above mechanism must not be fully responsible for the absence of age hardening 
response in the Zr containing alloys. The DSC studies of the extruded and hot pressed 
Alloys 2,3 and 4 showed some exothermic activity around 623 K (350°C). This 
suggests that some precipitation of metastable Al^Zr must have taken place during 
heat tieatment. However, the continuous reduction of hardness is a characteristic 
feature of RS A1 alloys with large amounts of Fe. These alloys seem to have higher 
hardnesses in the as rapidly solidified condition. Subsequent consolidation and heat 
treatments result in coarsening of the microstmcture and lower values of hardness, 
even for Zr containing alloys. No age hardening response was evident for a melt spun 
Al-(6-13 wt%)Fe-( 1.5-6 wt%)Zr alloy after isochronal annealing for 1 h at 
temperatures up to 773 K (Okazaki and Skinner, 1984).
Finally, when the hardness results of the 18:1 extmded Alloys 1 and 2 are compared
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with the results for the 25:1 extruded materials, slightly higher hardness values were 
observed for the 25:1 heat treated materials while the situation was the opposite for 
the as extruded ones. This is somewhat surprising since the foimer materials were 
made from finer and thus harder particles than the latter. This can be explained as a 
result of the higher degree of metastability of the finer particles used for the first batch 
of extrusions, which led to higher initial values of hai'dness but faster deterioration 
during annealing. Indeed, if we calculate the decrease of hardness of the extruded and 
heat treated alloys after 1000 h at 673 K (400°C), the extruded Alloy 1 exhibited a 
28% and 24% drop of hardness for the 18:1 and 25:1 extrusion ratios respectively. 
The corresponding values for Alloy 2 were 17% and 11%.
The drop of hardness for both Alloys 3 and 4 after 1000 h at 673 K (400°C) was about 
15%. This is in good agreement with the microstmctural studies which did not show 
significant changes in the microstructmes of the extruded and hot pressed alloys after 
heat treatment.
5.5 Tensile Properties
The tensile properties of Alloys 1 and 2, for both extmsion ratios used, deteriorated 
with annealing time (see Tables 4.24 to 4.27). This is to be expected, since the 
microstmctures of these materials coarsened with longer annealing times.
Alloy 2 exhibited higher values of UTS and YTS than Alloy 1 owing to the higher 
volume fraction of intermetallics. In fact the UTS and YTS values of alloy 2 for both 
extmsion ratios satisfy the Lockheed property goals for a high temperature A1 alloy, at 
least for the room temperature requirements of 517 and 448 MPa for UTS and YTS 
respectively (see also Table 1.2).
However, both alloys exhibited very low ductilities, with the ductilities of the Alloy 2 
materials being in the range 1.0 to 1.3 %. This is attiibuted to the high volume
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fraction of intermetallic particles present in the microstmcture of these materials. 
Aluminium alloys containing volume fractions of intermetallics as high as 40% are 
required to achieve the Lockheed property goals for high température Al alloys 
(Skinner and Okazaki, 1984), see Table 1.2. Dispersoid volume fractions higher than 
30% are known to cause a drastic reduction in the room temperature ductilities of 
these materials (Skinner et al, 1986). This was confirmed in our study where the 
volume fraction of intermetallics were about 30 and 34% for alloys 1 and 2 
respectively.
Another reason for the poor ductilities exhibited by Alloy 2 extmsions was the 
presence of undeformed powder particles in the microstmcture. These particles 
associated with porosity in the extmded bars, and led to high stress concentrations 
around the pores during tensile testing.
The tensile properties of the 18:1 extruded alloys were remarkably higher than those 
of the 25:1 extmded alloys. This can be attributed to two reasons. First, the size 
fraction of the alloy powders used for the extmsions were different. For the first batch 
of extmsions (ER=18:1) lower size fractions of powders were used, were -45 and -50 
pm for Alloys 1 and 2 respectively, while for the second batch of extmsions 
(ER=25:1) the +50-100 pm size fractions were used for both alloys. This resulted in 
a more refined microstmcture being present in the 18:1 extrusions. The second reason 
is the extmsion ratio itself. Using a higher extrusion ratio may result in better 
consolidation of the powders, due to higher strains and higher friction forces between 
the particles during extmsion. However, this may also result in coaiser morphologies, 
due to the severe plastic deformation of the powder particles which could accelerate 
the rate of coarsening of the precipitates during dynamic recovery and 
recrystallisation. The coarsening of the precipitates would be further enhanced 
because of higher adiabatic heating of the materials extmded at higher ER values 
(Shao et al., 1994).
The study of the fracture surfaces of the tensile test specimens showed evidence of
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ductile fracture even though the specimens failed with no neck formation. This was 
suggested both by the cup and cone moiphologies of the fr acture suifaces as well as 
by the dimples observed in the fracture suiTace. The fractui*e of the materials may 
initiate from microvoids formed in the interfaces of large primary intermetallic 
particles and the matrix. These microvoids coalesce and the separated particles cause 
frirther stress concentrations in these coarse particle regions. Large void foimation 
aiound the larger particles causes strain localisation. The voids reduce the cross- 
sectional area cairying the applied load and lead to premature mechanical failme 
(Sater et ah, 1987). This mechanism was also applicable in the specimens of Alloy 2 
which were found to be contaminated by foreign particles (see figure 4.52). The 
formation and propagation of microvoids in the weak interfaces between the matrix 
and the foreign particles was easier and led to premature fr acture of the specimen.
5.6 Texture
The <1 1 1> fibre texture exhibited by the a-Al matrix in tlie extmsions of Alloy 1 is 
a common feature for extmded Al products (Cullity, 1978).
However, previous studies have shown that sufficiently high volume fractions of 
ceramic particles tend to randomise the texture of the Al matrix (Humphreys et ah, 
1990, Bowen et ah, 1991, Poudens et ah, 1995). The main reason for this is that the 
hard particles dismpt the plastic flow in the matrix and highly rotated deformation 
zones, within which no specific texture can rise, are formed near the paificles 
(Humphreys et ah, 1990, Humphreys and Kalu, 1987). Similar trends have been 
reported for intermetallic reinforced Al alloys. In cast and warm extmded Al-Ni 
alloys the <1 1 1> and <0 0 1> fibre texture components decreased with increasing Ni 
content and the texture was random for Ni content higher than 5wt% or slightly less 
than 10% volume fraction of hard Al;Ni present (Tsukuda et ah, 1991).
In Alloy 1 the volume fraction of intermetallics present was about 30%, so it is 
interesting that we had texture development, despite the high volume fraction of
155
inteimetallics present. This texture seemed to be related with the formation of bands 
of coarser microstmcture within the extrusions. Therefore, it is suggested that the 
heterogeneous deformation path that resulted in the formation of different types of 
microstmcture also led to texture formation. In alloys reinforced by high volume 
fractions of intermetallics microstmctural parameters like particle size and particle 
density could dynamically change to a large extent in some areas of the material 
during thermo-mechanical processing. For example, a recrystallisation study of cold 
rolled A1-6N1 alloy, containing 10% volume of Al;Ni, revealed that recrystallisation 
did not occur with 0.3 p,m precipitates, whereas the material with 1 pm precipitates 
reciystallised at low temperature (Chan and Humphreys, 1984). In our alloy it is 
possible that the fine and closely spaced AlgFeNi precipitates within the finer bands 
had prevented significant texture development by homogenising dislocation structures 
and by pinning the deformation substmcture leading to retardation in subgrain growth 
and recrystallisation. In contrast, this effect of the large widely spaced precipitates 
within the coarser areas is likely to be extremely limited. In these areas large 
monolithic Al grains can form self-propagating zones within which texture can be 
developed (Grosdidier et al., 1998b).
In the heat treated Alloy 1 materials texture was more pronounced. Most probably 
this occurred because, as the microstmctural studies revealed, the finer bands 
gradually disappeared with longer exposure to high temperatures and a more 
homogeneous microstmcture was formed. The large a-Al grains, which were formed 
during extmsion within the coarser bands of microstmcture, grew further during heat 
treatment at the expense of the a-Al grains, which were present in the finer bands. 
Since these large Al grains were responsible for the development of texture in the 
extruded products their growth resulted in enhancement of the texture in the heat 
treated materials.
In Alloy 2 extmsions no texture development was observed. This is attributed to the 
high volume fraction of inteimetallics present. The microstmctures of the Alloy 2 
extmsions were more homogeneous and no coarser bands were formed. Furthermore,
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the population of the undeformed particles present in the Alloy 2 extrusions did not 
contribute in the development of texture. Similarly, in the 25:1 extrusions of Alloy 2 
the powder particles used had fairly similar hardness and the resulting extruded 
microstmctures did not show the banding and the associated texture effects that were 
observed in Alloy 1 (Grosdidier et al., 1998b).
In Alloys 3 and 4 the absence of texture can be attributed to two reasons. First the 
high volume fraction of intermetallics present in the powders (higher than 35%) 
prevented high deformation of the a-A l matrix in the same way as in Alloy 2, but also 
because extmsion at higher ratios was not achieved, as in the case of Alloy 3, or it was 
not possible at all as in case of Alloy 4. In both Alloys 3 and 4 a high population of 
undeformed particles was present and therefore these particles did not contribute to 
the development of textuie.
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Table 5.1: Calculated mean and maximum values of the heat transfer coefficient for He 
atomised Al alloy powders.
d(pm) h_»(W m 'K ') hm«(Wrn'K')
10 45044 82624
20 29348 52211
30 22657 40382
50 16156 29534
100 10482 19641
150 8432 15587
Table 5.2: Calculated mean and maximum cooling rates for He atomised Al alloy 
powders.
d(|am) T.e.n(Ks-*) T_x(Ks-*)
10 11.7x10" 1.7x10"
20 2.4x10" 5.3x10"
30 1.2x10" 2.7x10"
50 4.2x10" 1.2x10"
100 1.1x10" 3.9x10"
150 4.5x10* 2.1x10"
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Table 5.3: Cooling rates and heat transfer coefficient for He atomised Al-4wt%Cu alloy 
powders (Stone and Tsakiropoulos, 1992):
d(|am) h(Wm"K*) T*(Ks-*) T+(Ks*)
15.7 65930 19115 9.09x10"
31.8 41002 9882 2.79x10"
62.8 26596 4969 9.17x10"
129.0 17213 2409 2.89x10"
192.0 13651 1617 1.54x10"
*: calculations using: T^B^d '"^ " where d is the particle size and B4 is a given parameter, 
calculated from: T=6 h(T,„-Tg)/c.d where c is the heat capacity of the melt.
Table 5.4: Mean heat transfer coefficient and mean cooling rate for N; atomised Al- 
4wt%Cu alloy powders (Grand et al., 1993).
d(|am) h (Wm^K 1) T(Ks'*)
1 0 8,300 1.46x10"
2 0 6 , 0 0 0 1 .1 1 x 1 0 "
30 4,900 8 .2 x 1 0 *
50 3,600 3.7x10*
80 2,700 1 .1 x 1 0 *
1 2 0 2 , 1 0 0 1 .0 x 1 0 *
2 0 0 1,500 9.4x10"
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Table 5.5; Experimentally determined coarsening rate constants for grain boundary 
diffusion model of Al-Fe-Ni alloys (Premkumar et al., 1992).
T(°C) Volume fraction of 
intermetallics
Rate constant k' 
(craVs)
450 0.19 7.35x10'"*
450 0.25 1.37x10'""
450 0.32 2.06x10'""
550 0.32 2.99x10'""
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Figure 5.1: Method for calculation of droplet velocities during atomisation.
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Figure 5.2: Calculated velocity profiles of He atomized Al powder particles (gas 
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Figure 5.3: Calculated heat transfer coefficients of He atomized Al powder particles.
162
20
—  10 um
—  20 um
—  30 um
50 um
—  100 um
—  150 um
0.4 0.60.2
distance (m)
a.
6000000
5000000
3000000o>
0.80.60.2
b.
Figure 5.4; a. Calculated cooling rates of He atomized Al powder particles, b. 
calculated cooling rate of a 20 |Lun particle.
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Figure 5.5: Predominant nucléation maps for Al-Fe-Ni alloys (after Shao et al, 1994).
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CHAPTER 6 
CONCLUSIONS AND RECOMMENDATIONS FOR FURTHER WORK
6.1 CONCLUSIONS
The fomiation of Al^Fe in the Al-8wt%Fe-4wt%Ni base alloys was suppressed by rapid 
solidification both in the tips of wedge shaped castings and in gas atomised powder 
particles with diameters up to 2 0 0  pm.
In the rapidly solidified powder particles two types of microstmctuie were observed. 
The optically featureless Zone A type that consisted of a-Al solid solution or 
microcellular, or refined a-Al+AlgFeNi eutectic stmctuies, and the Zone B type that 
consisted of a-Al+AlgFeNi dendiites.
The Zone A microstmcture was present in the smaller powder particles (<10-20 pm) 
whereas laiger particles consisted either of mixed Zone A and Zone B microstmcture 
or only of Zone B microstmcture.
The formation of Zone A microstmcture became more difficult with increasing level of 
alloying additions.
There were significant differences in the microstmctui es of powder particles of the same 
size, owing to the different cooling rates and degrees of undercooling experienced by 
each individual particle duiing atomisation.
The AljFeNi phase formed during rapid solidification, both in the tips of the wedge 
shaped castings and in the gas atomised alloy powders, had a Fe/Ni ratio of about 2 , 
which is equal to the Fe/Ni ratio of the alloy. The AlgFeNi formed under equilibrium 
solidification conditions has a Fe/Ni ratio equal to 1. In the foimer case the phase 
exhibited some solubility for the alloying additions Zr, Mo and V.
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In the Zr containing alloys the formation of DO23 Al^Zr was suppressed in fine powder 
particles and in the tips of the wedge shaped castings. Zirconium precipitated as 
metastable Ll^ Al^Zr in the larger powder particles (+50 pm). In the extruded alloys Zr 
was present both as metastable L lj AljZr but also, in small volume fiactions, as DO23 
AljZr, formed at the a-Al-AlgFeNi grain boundaries via heterogeneous precipitation.
In the Mo and V containing alloys the formation of equilibrium Al^jMo and Al^V 
phases was suppressed both in the chill cast and gas atomised alloys.
The microstmcture of the extmded Alloy 1 (ER=18:1) consisted of alternating bands of 
finer and coarser microstmctures.
In the extmded Alloys 2 and 3 there was a large population of undeformed powder 
particles. These were fine particles exhibiting Zone A microstmcture.
The microstmctuies of the extmded alloys were remarkably stable after heat treatments 
at 673 K (400°C). Even after annealing for 1000 h at this temperature the only phases 
present were the a-A l, AlgFeNi and Llj-AljZr, the latter forming only in the Zr 
containing alloys.
The Zone A microstmctuie was significantly harder than the Zone B in both the chill 
cast and gas atomised alloys. Higher level of alloying additions, leading to higher 
volume fi-actions of intermetallics in the range of 30% to 35% in alloys 1 to 4, resulted 
in higher hardnesses and better thermal stabilities. The addition of Zr gave a 20% 
increase in hardness over Alloy 1 in the as extmded condition. Tlie additions of Mo and 
V gave a 60% and 110% increase in hai’dness over Alloy 1 for the as extiuded and as hot 
pressed conditions. After heat treatment for 1000 h at 673 K (400°C) the hardness of 
extmded Alloy 1 dropped by 28 and 24% for the 18:1 and 25:1 extmded materials 
respectively. The corresponding values for alloy 2 were 17 and 11%. The hardness of 
Alloys 3 and 4 dropped by about 15%.
Extmsion parameters proved to be vei-y important for the properties of the extmded
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materials. Higher extrusion ratios gave better consolidation of the powders but also 
resulted in recrystallisation and dynamic recovery of the microstructure.
The Lockheed goals were met for the room temperature tensile properties. The high 
volume fractions of inteimetallics present in the alloys resulted to good tensile 
properties but also in very poor ductilities.
This study confirmed again how critical can be the handling of powders after 
atomisation for the properties of the final materials. Even a minute volume fraction of 
foreign particles proved to have a significant effect on the tensile properties of alloy 2 
(ER-18:1).
The extruded Alloy 1 (ER=18:1 and ER=25:1) exhibited an <1 1 1> fibre texture of the 
oc-Al matrix. This texture became more pronounced after heat treatment. No texture 
was detected for the a-Al phase of alloy 2 extrusions (ER=18:1 and ER=25:1). Alloys 3 
and 4 also did not exhibit any texture.
6.2 RECOMMENDATIONS FOR FURTHER WORK
The alloys studied in this work exhibited high strength and remarkable thermal stability. 
However the ductilities of both the as extruded and heat treated materials were very 
low, mainly due to the high volume of intermetallics contained.
One way to improve the ductility of these materials is to produce higher amounts of 
Zone A type of microstiucture in the RS condition. This type of microstructuie has both 
good mechanical properties and higher ductility because of the absence of large primary 
intermetallics. As mentioned in CHAPTER 5 fracture initiates at the interfaces between 
large intermetallics and the a-Al matrix.
Higher fractions could possibly be achieved by imposing higher cooling rates on the 
melt which can be achieved either by atomisation. For example, if  a lower J^ ei/Jgas ratio 
were used a finer particle size could be achieved, or by another RS method such as melt 
spinning could be considered.
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APPENDIX Al
X R D  D ata o f  W edge Shaped C astings
Table A l l :  XRD of the tip of the wedge cast of Alloy 1.
d(Â )
ref.
FI.
ref.
d(A)
measured
Intensity
measured
h k i Phase
5.062 74 5.0959 medium 0 0 1 AlgFeNi
4.380 100 4.4248 medium 0 1 1 AlgFeNi
4.263 18 4.297 medium 2 0 0 AlgFeNi
3.994 80 4.0342 medium 1 1 1 AlgFeNi
3.805 87 3.8446 medium 1 1 1 AlgFeNi
3.640 49 3.6775 medium 2 0  1 ALFeNi
3.529 62 3.5524 medium 2 1 0 AlgFeNi
3.366 39 3.3926 medium 2 0  1 AlgFeNi
3.150 6 3.1136 medium 2 1 1 AlgFeNi
2.951 38 2.9720 weak 1 2 0 AlgFeNi
2.796 3 2.8252 weak 0 2  1 AlçFeNi
2.590 18 2.7143 weak 3 1 0 AlgFeNi
2.585 21 2.6068 medium 2 0 2 AlgFeNi
2.452 9 2.4211 medium 3 1 1 AlgFeNi
2.391 30 2.4043 medium 212 202 AlgFeNi
2.338 100 2.3401 very strong 1 1 1 a-Al
2.233 93 2.2540 very strong 2 1 2 AlgFeNi
2.152 48 2.1775 medium 1 2 2 AlgFeNi
2.132 28 2.1414 medium 4 0 0 AlgFeNi
2.109 19 2.1189 medium 3 2 0 AlgFeNi
2.091 54 2.0787 strong 1 2 2 AlgFeNi
2.053 99 2.0461 strong 3 1 2 AigFeNi
2.024 47 2.0257 very strong 2 0 0 a-Al
1.996 4 2.0004 weak 2 2 2 AlgFeNi
1.982 87 1.9676 very strong 03  1 AlçFeNi
1.904 24 1.9153 weak 3 12 AlgFeNi
1.697 1 1.6995 weak 1 2 3 AlpFeNi
1.431 22 1.4321 very strong 2 2 0 a-Al
1.221 24 1.2223 very strong 3 1 1 a-Al
1.169 7 1.1703 medium 2 2 2 a-Al
a-Al: card 4-787
ALFeNiicard 30-7
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Table A1.2: XRD data of the top of the wedge cast of Alloy i
d(Â)
ref.
FI.
Ref.
d(A)
measured
Intensity
measured
h k l Phase
5.062 74 5.0878 weak 1 10 AlgFeNi
4.380 100 4.4394 weak 0 1 1 AlgFeNi
3.994 80 4.0402 medium 1 1 1 AlgFeNi
4.040 3.9759 medium AlaFe
3.805 87 3.8556 weak 1 1 1 AlgFeNi
3.640
3.674
49 3.6775 weak 2 0  1 AlgFeNi
AlaFe
3.529 62 3.5659 Medium 2 1 0 AlgFeNi
3.366 39 3.3673 weak 2 0  1 AbFeNi
3.051 35 3.1136 weak 0 0 2 AlgFeNi
2.951 38 2.9656 Very weak 1 2 0 AlgFeNi
2.590 18 2.5996 weak 3 10 AlpFeNi
2.558 22 2.5354 Very weak 1 12 AlgFeNi
2.452 9 2.4769 Very weak 3 1 1 ALFeNi
2.450 2.4295 Very weak AlaFe
2.391 30 2.3983 weak 202-202 AlgFeNi
2.338 100 2.3479 very strong 1 1 1 a-Al
2.298 88 2.3094 weak 2 2 1 AlgFeNi
2.233 93 2.2573 Medium 2 12 AlpFeNi
2.132 28 2.1414 Medium 4 0 0 AlpFeNi
2.095 2.0849 Strong AlaFe
2.091 54 2.0804 Medium 1 2 2 AlpFeNi
2.053 99 2.0520 weak 3 1 2 AlpFeNi
2.024 47 2.0286 very strong 2 0 0 a-Al
1.9829 87 1.9730 Medium 03 1 AlpFeNi
1.9624 43 1.9622 weak 401-411 AlpFeNi
1.431 22 1.4348 Strong 2 2 0 a-Al
1.221 24 1.2232 very strong 3 1 1 a-Al
1.0124 2 1.0138 weak 4 0 0 a-Al
0.9055 8 0.9067 Medium 4 2 0 a-Al
a-Al: card 4-787
AlgFeNi:card 30-7
AlaFe:Selected Powder Dififraction Data for Metals and Alloys, 1978
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Table A1.3; XRD data of the tip of the wedge cast, of Alloy 2
d(A)
ref.
Flo
ref.
d(A)
measured
Intensity
Measured
h k l Phase
5.062 74 5.1155 Medium 1 1 0 AlpFeNi
4.380 100 4.4531 Medium 0 1 1 AlpFeNi
3.994 80 4.0760 Medium 1 1 1 AlpFeNi
3.805 87 3.8667 Medium 1 1 1 AlpFeNi
3.640 49 3.6977 Medium 2 0  1 AlpFeNi
3.529 62 3.5704 Medium 2 1 0 AlpFeNi
3.366 39 3.3757 Medium 2 0 1 AlpFeNi
3,150 6 3.1207 weak 2 1 1 AlpFeNi
2.968 5 2.9785 weak 2 1 1 AlpFeNi
2.796 3 2.8400 weak 0 2  1 AlpFeNi
2.590 18 2.6019 weak 3 10 AlpFeNi
2.452 9 2.4725 weak 3 1 1 AlpFeNi
2.391 30 2.4043 weak 212-202 AlpFeNi
2.338 100 2.3638 Very strong 1 1 1 a-Al
2.152 48 2.1542 Medium 1 2 2 AlpFeNi
2.109 19 2.1063 Medium 3 2 0 AlpFeNi
2.024 47 2.0461 Very strong 2 0 0 a-Al
1.9968 4 2.0004 weak 222 AlpFeNi
1.9562 85 1.9595 Medium 3 2  1 AlpFeNi
1.9203 73 1.9230 weak 1 1 3 AlpFeNi
1.8168 9 1.8127 weak 231-213 AlpFeNi
1.431 22 1.4386 Strong 2 2 0 a-Al
1.221 24 1.2267 Strong 3 1 1 a-Al
1.0124 2 1.0128 weak 4 0 0 a-Al
0.9289 8 0.9309 weak 33 1 a-Al
0.9055 8 0.9054 weak 4 2 0 a-Al
a-Al; card 4-787 
AlpFeNixard 30-7
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Table A1.4: XRD data of tip of wedge cast of Alloy 3.
d(Â)
ref.
Flo
ref.
d(Â)
measured
Intensity
Measured
h k l Phase
5.062 74 5.1352 Weak 1 10 AlpFeNi
4.380 100 4.4680 Weak 0 1 1 AlpFeNi
4.263 18 4.3323 Weak 2 0 0 AlpFeNi
3.994 80 4.0040 Weak 1 1 1 AlpFeNi
3.805 87 3.8667 Weak 1 1 1 AlpFeNi
3.640 49 3.7078 Weak 2 0  1 AlpFeNi
3.529 62 3.5704 Weak 2 10 AlpFeNi
3.366 39 3.4097 Weak 2 0  1 AlpFeNi
3.051 35 3.1207 weak 0 0 2 AlpFeNi
2.951 38 2.9785 weak 1 2 0 AlpFeNi
2.590 18 2.6019 weak 3 10 AlpFeNi
2.452 9 2.4274 medium 3 1 1 AlpFeNi
2.391 30 2.4085 medium 212-202 AlpFeNi
2.338 100 2.3559 Very strong 1 1 1 a-Al
2.233 93 2.2683 strong 2 12 AlpFeNi
2.152 48 2.1842 weak 1 2 2 AlpFeNi
2.132 28 2.1495 weak 4 0 0 AlpFeNi
2.109 19 2.1063 medium 3 2 0 AlpFeNi
2.091 54 2.0818 strong 1 2 2 AlpFeNi
2.024 47 2.0359 Very strong 2 0 0 a-Al
1.9968 4 2.0060 medium 2 2 2 AlpFeNi
1.9829 87 1.9730 medium 03  1 AlpFeNi
1.9624 43 1.9595 weak 401-411 AlpFeNi
1.431 22 1.4348 Very strong 2 2 0 a-Al
1.221 24 1.2232 strong 3 1 1 a-Al
1.1690 7 1.1719 strong 2 2 2 a-Al
1.0124 2 1.0138 weak 4 0 0 a-Al
0.9289 8 0.9306 weak 33  1 a-Al
0.9055 8 0.9074 weak 4 2 0 a-Al
a-Al: card 4-787
AlpFeNi:card 30-7
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Table A1.5; XRD data of tip of the wedge cast of Alloy 4.
d(A)
ref.
Flo
ref.
d(Â)
measured
Intensity
Measured
h k l Phase
5.062 74 5.1155 weak 1 10 AlpFeNi
4.380 100 4.4680 weak O i l AlpFeNi
4.263 18 4.3323 weak 2 0 0 AlpFeNi
3.994 80 4.1009 Medium 1 1 1 AlpFeNi
3.805 87 3.8667 weak 1 1 1 AlpFeNi
3.640 49 3.7028 weak 2 0  1 AlpFeNi
3.529 62 3.5704 weak 2 10 AlpFeNi
3.366 39 3.4183 weak 2 0 1 AlpFeNi
3.051 35 3.1136 weak 0 0 2 AlpFeNi
2.951 38 2.9785 weak 1 2 0 AlpFeNi
2.796 3 2.8310 weak 0 2  1 AlpFeNi
2.745 1 2.7410 Very weak 0 12 AlpFeNi
2.585 21 2.6019 weak 2 0 2 AlpFeNi
2.452 9 2.4813 weak 3 1 1 AlpFeNi
2.391 30 2.4295 Medium 212-202 AlpFeNi
2.338 100 2.3500 Very strong 1 1 1 a-Al
2.322 11 2.3245 Medium 3 1 1 AlpFeNi
2.298 88 2.2683 Medium 2 2  1 AlpFeNi
2.233 93 2.2219 Medium 2 12 AlpFeNi
2.152 48 2.1674 Medium 1 2 2 AlpFeNi
2.109 19 2.1189 Medium 3 2 0 AlpFeNi
2.091 54 2.0804 strong 1 2 2 AlpFeNi
2.024 47 2.0344 Very strong 2 0 0 a-Al
1.9968 4 2.0088 weak 2 2 2 AlpFeNi
1.9829 87 1.9755 Medium 03  1 AlpFeNi
1.9353 81 1.9333 Very weak 0 1 3 AlpFeNi
1.431 22 1.4360 strong 2 2 0 a-Al
1.221 24 1.2241 Strong 3 1 1 a-Al
1.169 7 1.1719 Medium 2 2 2 a-Al
1.0124 2 1.0123 weak 4 0 0 a-Al
a-Al: card 4-787
AlgFeNiicard 30-7
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Table A1.6: XRD data of the top of tlie wedge cast of Alloy 2.
d(Â )
ref.
FI.
Ref.
d(Â )
measured
Intensity
measured
h k l Phase
5.062 74 5.1155 weak 1 1 0 AlpFeNi
4.380 100 4.4531 medium 01 1 AlpFeNi
4.320 60 4.3323 medium 0 0 4 AljZr
3.994
4.040
80 4.0637 medium 1 1 1 AlpFeNi
AlaFe
3.900 60 3.9223 medium 4 0  1 AljZr
3.805 87 3.8556 medium 1 1 1 AlpFeNi
3.640 49 3.6875 medium 2 0  1 AlpFeNi
3.529 62 3.5617 medium 2 1 0 AlpFeNi
3.366 39 3.4011 weak 2 0 1 AlpFeNi
3.150 6 3.1497 weak 21  1 AlpFeNi
3.051 35 3.1065 weak 0 0 2 AlpFeNi
2.951 38 2.9785 weak 1 2 0 AlpFeNi
2.585 21 2.5996 weak 2 0 2 AlpFeNi
2.450 2.4253 weak AlaFe
2.370 100 2.3756 Veiy strong 1 1 4 AlaZr
2.338 100 2.3519 Very strong 1 1 1 a-Al
2.160 90 2.1674 medium 0 0 8 AlaZr
2.109
2.095
19 2.1019 strong 3 2 0 AlpFeNi AlaFe
2.024 47 2.0315 Very strong 2 0 0 a-Al
1.996
2.000
4
100
2.0018 Medium 2 0 0 AlpFeNi AlaZr
1.956
1.936
85 1.9568 Weak 3 2 1 AlpFeNi AlaFe
1.820 50 1.8218 Weak 2 0 4 AlaZr
1.780 50 1.7841 Weak 2 1  1 AlaZr
1.470 90 1.4726 Weak 2 0 8 AlaZr
1.431 22 1.4348 Strong 2 2 0 a-Al
1.280 70 1.2845 Weak 1112 AlaZr
1.1690 7 1.1711 Strong 2 2 2 a-Al
1.170 10 1.1680 Weak 1114 AlaZr
0.9289 8 0.9306 Very weak 3 3  1 a-Al
0.9055 8 0.9070 Weak 4 2 0 a-Al
a-Al: card 4-787 AlgFeNi:card 30-7
Al3pe:Selected Powder Diffraction Data for Metals and Alloys, 1978 Al]Zr: card 2-1093
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Table A1.7: XRD data of top of wedge cast of Alloy 3.
d(A)
ref.
I/I.
ref.
d(A)
measured
Intensity
Measured
h k 1 Phase
4.380 100 4.4394 Medium 0 1 1 AlpFeNi
4.32 60 4.3323 Medium 0 0 4 AlaZr
3.994 18 4.0584 Medium 1 1 1 AlpFeNi
3.90 60 3.9223 Medium 4 0 1 AlaZr
3.805 87 3.8556 Medium 1 1 1 AlpFeNi
3.640 49 3.6927 Medium 2 0 1 AlpFeNi
3.529 62 3.5617 Medium 2 10 AlpFeNi
3.29 50 3.2943 weak 1 0 3 AlaZr
3.051 35 3.1065 weak 0 0 2 AlpFeNi
2.951 38 2.9720 weak 1 2 0 AlpFeNi
2.796 3 2.8369 weak 0 2  1 AlpFeNi
2.61 60 2.6217 weak 1 0 5 AlaZr
2.585 21 2.5996 weak 2 0 2 AlpFeNi
2.450 m 2.4295 Very weak AlaFe
2.397 86 2.3983 Medium 3 10 AliaMo
2.37 100 2.3756 Very strong 1 14 AlaZr
2.338 100 2.3479 Very strong 1 1 1 a-Al
2.322 11 2.3206 Medium 3 1 1 AlpFeNi
2.233 93 2.2646 Medium 2 1 2 AlpFeNi
2.189 38 2.1824 Medium 2 2 2 Al^Mo
2.16 90 2.1608 Medium 0 0 8 AlaZr
2.109 19 2.1189 Medium 3 2 0 AlpFeNi
2.095 s 2.1063 Medium AlaFe
2.091 54 2.0849 Medium 1 2 2 AlpFeNi
2.053 99 2.0579 Medium 3 1 2 AlpFeNi
2.024 47 2.0286 Very strong 2 2 0 a-Al
1.9968 4 2.0060 Medium 2 2 2 AlpFeNi
2.00 100 2.0004 Medium 2 0 0 AlaZr
1.936 s 1.9409 weak AlaFe
1.78 50 1.7863 weak 2 1 1 AlaZr
1.4868 13 1.4867 weak 43  1 AI12M0
1.431 22 1.4348 Strong 2 2 0 a-Al
a-Al: card 4-787 AlpFeNi'.card 30-7 AlnMo:card 29-52
AlaFe:Selected Powder Diffraction Data for Metals and Alloys, 1978 A^ Zr: caid 2-1093
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Table A1.8; XRD of top of wedge cast of Alloy 4.
d(A )
ref.
Mo
ref.
d(Â)
measured
Intensity
Measured
h k l phase
5.062 74 5.1155 Weak 1 10 AlpFeNi
4.380 100 4.4531 Weak O i l AlpFeNi
4.32 60 4.3388 Medium 0 0 4 AlsZr
4.263 18 4.2970 Medium 2 0 0 AlpFeNi
3.994 80 4.0637 Medium 1 1 1 AlpFeNi
4.040 mw 3.9803 Medium AlaFe
3.90 60 3.9109 Medium 4 0  1 AlaZr
3.805 87 3.8667 Medium 1 1 1 AlpFeNi
3.640 49 3.7078 Medium 2 0  1 AlpFeNi
3.529 62 3.5704 Medium 2 1 0 AlpFeNi
3.674 mw 3.4930 Weak AlaFe
3.29 50 3.3023 Weak 1 0 3 AlaZr
3.051 35 3.1207 Weak 0 0 2 AlpFeNi
2.951 38 2.9720 Weak 1 2 0 AlpFeNi
2.796 3 2.8428 Weak 0 2  1 AlpFeNi
2.83 50 2.8252 Weak 1 10 AlaZr
2.61 60 2.6217 Weak 1 0 5 AlaZr
2.45 50 2.4813 Weak 53 1 A1„V
2.452 9 2.4725 Weak 3 1 1 AlpFeNi
2.397 86 2.4043 Weak 3 10 AI12M0
2.37 100 2.3716 Strong 1 14 AlaZr
2.338 100 2.3479 very strong 1 1 1 a-Al
2.298 88 2.2719 Medium 2 2  1 AlpFeNi
2.152 48 2.1775 Medium 1 2 2 AlpFeNi
2.18 100 2.1674 Medium 6 2 2 A1„V
2.16 90 2.1608 Medium 0 0 8 AlaZr
2.132 28 2.1446 Medium 4 0 0 AlpFeNi
2.109 19 2.1114 Medium 3 2 0 AlpFeNi
2.089 80 2.0895 Weak 4 4 4 AluV
2.095 s 2.0849 Medium 4 0  1 AlpFeNi
2.024 47 2.0286 very strong 2 0 0 a-Al
2.00 100 2.0032 Medium 2 0 0 AlaZr
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1.9968 4 1.9976 Medium 2 2 2 AlpFeNi
1.47 90 1.4726 Weak 2 0 8 AlaZr
1.431 22 1.4321 Medium 2 2 0 a-Al
1.221 24 1.2232 Medium 3 1 1 a-Al
1.22 90 1.2206 Medium 2 2 8 AlaZr
1.18 70 1.1810 Weak 2 0  1 AlaZr
1.17 10 1.1708 Weak 1 1 1 AlaZr
1.169 7 1.1688 Medium 2 2 2 a-Al
1.0124 2 1.0118 Weak 4 0 0 a-Al
0.9289 8 0.9284 Weak 33  1 a-Al
0.9055 8 0.9066 Weak 4 2 0 a-Al
a-Al: card 4-787 AlpFeNhcard 30-7
Al3Fe:Selected Powder Diffraction Data for Metals and Alloys, 1978
Ali2Mo:card 29-52 AluV: card 7-281
AlaZr: card 2-1093
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A P P E N D IX  A 2
X R D  D ata o f  A tom ised  A llo y  P ow der Particles
Table A2.1: XRD data of the powders (-25 pm) of Alloy 1.
d(Â )
ref.
Flo
ref.
d(Â)
measured
Intensity
measured
h k l Phase
5.062 74 5.096 very weak 1 10 AlpFeNi
4.380 100 4.426 weak 0 1 1 AlpFeNi
3.994 80 4.040 weak 1 1 1 AlpFeNi
3.805 87 3.845 medium 1 1 1 AlpFeNi
3.640 49 3.688 weak 2 0  1 AlpFeNi
3.529 62 3.539 weak 2 1 0 AlpFeNi
3.051 35 3.104 weak 0 0 2 AlpFeNi
2.951 38 2.978 weak 1 2 0 AlpFeNi
2.590 18 2.599 weak 3 10 AlpFeNi
2.585 21 2.588 weak 2 0 2 AlpFeNi
2.452 9 2.421 weak 3 1 1 AlpFeNi
2.391 30 2.398 medium 212-202 AlpFeNi
2.338 100 2.338 very strong 1 1 1 a-Al
2,233 93 2.258 medium 2 1 2 AlpFeNi
2.152 48 2.145 weak 1 2 2 AlpFeNi
2.109 19 2.116 medium 3 2 0 AlpFeNi
2.067 29 2.075 strong 4 0 1 AlpFeNi
2.024 47 2.023 very strong 2 0 0 a-Al
1.996 4 1.993 medium 2 2 2 AlpFeNi
1.962 43 1.968 strong 401-411 AlpFeNi
1.956 85 1.954 weak 3 2  1 AlpFeNi
1.920 73 1.921 weak 1 1 3 AlpFeNi
1.764 1 1.763 weak 4 2  0 AlpFeNi
1.697 1 1.699 weak 1 2 3 AlpFeNi
1.431 22 1.432 strong 2 2 0 a-Al
1.221 24 1.222 strong 3 1 1 a-Al
1.169 7 1.169 weak 2 2 2 a-Al
1.012 2 1.013 very weak 4 0 0 a-Al
a-Al: card 4-787
AlpFeNiicard 30-7
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Table A2.2; XRD data of the powders (+25 -45 pm) of Alloy 1
d(A)
ref.
Flo
ref.
d(Â)
measured
Intensity
measured
h k l Phase
5.062 74 5.117 medium 1 10 AlpFeNi
4.380 100 4.439 medium 0 1 1 AlpFeNi
4.263 18 4.291 weak 2 0 0 AlpFeNi
3.994 80 4.040 medium 1 1 1 AlpFeNi
3.805 87 3.850 medium 1 1 1 AlpFeNi
3.640 49 3.668 medium 2 0 1 AlpFeNi
3.529 62 3.547 medium 2 1 0 AlpFeNi
3.366 39 3.401 weak 2 0 1 AlpFeNi
3.051 35 3.107 weak 0 0 2 AlpFeNi
2.951 38 2.973 weak 1 2 0 AlpFeNi
. 2.590 18 2.599 weak 3 1 0 AlpFeNi
2.391 30 2.403 medium 212,202 AlpFeNi
2.338 100 2.342 very strong 1 1 1 a-Al
2.233 93 2.261 medium 2 12 AlpFeNi
2.152 48 2.179 medium 1 2 2 AlpFeNi
2.132 28 2.145 weak 4 0 0 AlpFeNi
2.109 19 2.117 medium 3 2 0 AlpFeNi
2.067 29 2.079 medium 4 0  1 AlpFeNi
2.032 70 2.047 medium 3 2  1 AlpFeNi
2.024 47 2.028 very strong 2 0 0 a-Al
1.9968 4 1.999 medium 2 2 2 AlpFeNi
1.9624 43 1.965 strong 401,411 AlpFeNi
1.9562 85 1.957 weak 3 2  1 AlpFeNi
1.9203 73 1.928 weak 1 1 3 AlpFeNi
1.8815 8 1.888 weak 2 3 0 AlpFeNi
1.431 22 1.434 strong 2 2 0 a-Al
1.169 7 1.170 weak 2 2 2 a-Al
1.0124 2 1.010 weak 4 0 0 a-Al
0.9289 8 0.929 weak 33 1 a-Al
0.9055 8 0.907 weak 4 2 0 a-Al
a-Al: card 4-787
AlpFeNi:card 30-7
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Table A2.3: XRD data of the powders (+45 -100 pm) of Alloy 1
d(Â)
ref.
I/Io
ref.
d(Â)
measured
Intensity
measured
h k l Phase
5.062 74 5.079 weak 1 1 0 AlpFeNi
4.380 100 4.470 weak 0 1 1 AlpFeNi
3.994 80 4.029 weak 1 1 1 AlpFeNi
3.805 87 3.833 weak 1 1 1 AlpFeNi
3.640 49 3.673 very weak 2 0  1 AlpFeNi
3.529 62 3.553 weak 2 1 0 AlpFeNi
3.366 39 3.393 very weak 2 0  1 AlpFeNi
3.051 35 3.094 weak 0 0 2 AlpFeNi
2.951 38 2.972 very weak 1 2 0 AlpFeNi
2.585 21 2.590 very weak 2 0 2 AlpFeNi
2.452 9 2.464 weak 3 1 1 AlpFeNi
2.391 30 2.396 weak 212,202 AlpFeNi
2.338 100 2.338 very strong 1 1 1 a-Al
2.233 93 2.257 medium 2 1 2 AlpFeNi
2.152 48 2.177 weak 1 2 2 AlpFeNi
2.109 19 2.115 weak 3 2 0 AlpFeNi
2.067 29 2.075 medium 4 0  1 AlpFeNi
2.032 70 2.044 weak 3 2 1 AlpFeNi
2.024 47 2.025 strong 2 0 0 a-Al
1.9968 4 1.995 weak 2 2 2 AlpFeNi
1.431 22 1.430 medium 2 2 0 a-Al
a-Al: card 4-787 
Al9FeNi:card 30-7
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Table A2.4: XRD data of the powders (+100 -200 pm) of Alloy 1
d(Â)
ref.
I/Io
ref.
d(A)
measured
Intensity
measured
h k l Phase
5.062 74 5.116 weak 1 10 AlpFeNi
4.263 18 4.218 weak 2 0 0 AlpFeNi
3.994 80 4.040 weak 1 1 1 AlpFeNi
3.805 87 3.861 weak 1 1 1 AlpFeNi
3.640 49 3.668 weak 2 0  1 AlpFeNi
3.529 62 3.546 weak 2 1 0 AlpFeNi
3.366 39 3.393 weak 2 0  1 AlpFeNi
3.051 35 3.104 weak 0 0 2 AlpFeNi
2.951 38 2.968 weak 1 2 0 AlpFeNi
2.585 21 2.592 weak 2 0 2 AlpFeNi
2.391 30 2.400 medium 212,202 AlpFeNi
2.338 100 2.338 very strong 1 1 1 a-Al
2.322 11 2.319 medium 3 1 1 AlpFeNi
2.233 93 2.259 medium 2 12 AlpFeNi
2.152 48 2.177 medium 1 2 2 AlpFeNi
2.109 19 2.116 medium 3 2 0 AlpFeNi
2.067 29 2.075 medium 4 0  1 AlpFeNi
2.053 99 2.046 weak 3 2 1 AlpFeNi
2.024 47 2.025 strong 2 0 0 a-Al
1.9968 4 1.997 medium 2 2 2 AlpFeNi
1.9424 74 1.949 weak 1 3 1 AlpFeNi
1.431 22 1.432 medium 2 2 0 a-Al
1.221 24 1.222 medium 3 1 1 a-Al
a-Al: card 4-787 
AlpFeNhcard 30-7
180
Table A2.5: XRD data of the powders (-25 pm) of Alloy 2
d(Â)
ref. ref.
d(Â)
measured
Intensity
measured
h k l Phase
5.062 74 5.096 veiy weak 1 1 0 AlpFeNi
4.380 100 4.426 weak 0 1 1 AlpFeNi
3.994 80 4.040 weak 1 1 1 AlpFeNi
3.805 87 3.845 medium 1 1 1 AlpFeNi
3.640 49 3.688 weak 2 0  1 AlpFeNi
3.529 62 3.539 weak 2 1 0 AlpFeNi
3.051 35 3.104 weak 0 0 2 AlpFeNi
2.951 38 2.978 weak 1 2 0 AlpFeNi
2.590 18 2.599 weak 3 1 0 AlpFeNi
2.585 21 2.588 weak 2 0 2 AlpFeNi
2.452 9 2.421 weak 3 1 1 AlpFeNi
2.391 30 2.398 medium 212-202 AlpFeNi
2.338 100 2.338 very strong 1 1 1 a-Al
2.233 93 2.258 medium 2 12 AlpFeNi
2.152 48 2.145 weak 1 2 2 AlpFeNi
2.109 19 2.116 medium 3 2 0 AlpFeNi
2.067 29 2.075 strong 4 0 1 AlpFeNi
2.024 47 2.023 very strong 2 0 0 a-Al
1.996 4 1.993 medium 2 2 2 AlpFeNi
1.962 43 1.968 strong 401-411 AlpFeNi
1.956 85 1.954 weak 3 2  1 AlpFeNi
1.920 73 1.921 weak 1 13 AlpFeNi
1.764 1 1.763 weak 4 2 0 AlpFeNi
1.697 1 1.699 weak 1 2 3 AlpFeNi
1.431 22 1.432 strong 2 2 0 a-Al
1.221 24 1.222 strong 3 1 1 a-Al
1.169 7 1.169 weak 2 2 2 a-Al
1.012 2 1.013 very weak 4 0 0 a-Al
a-Al: card 4-787
AlpFeNi:card 30-7
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Table A2.6: XRD data of the powders (+25 -45 pm) of Alloy 2
d(Â )
ref.
Mo
ref.
d(Â)
measured
Intensity
Measured
h k l Phase
5.062 74 5.117 Medium 1 10 AlpFeNi
4.380 100 4.439 Medium 0 1 1 AlpFeNi
4.263 18 4.291 Weak 2 0 0 AlpFeNi
3.994 80 4.040 Medium 1 1 1 AlpFeNi
3.805 87 3.850 medium 1 1 1 AlpFeNi
3.640 49 3.668 medium 2 0  1 AlpFeNi
3.529 62 3.547 medium 2 1 0 AlpFeNi
3.366 39 3.401 weak 2 0  1 AlpFeNi
3.051 35 3.107 weak 0 0 2 AlpFeNi
2.951 38 2.973 weak 1 2 0 AlpFeNi
2.590 18 2.599 weak 3 1 0 AlpFeNi
2.391 30 2.403 medium 212,202 AlpFeNi
2.338 100 2.342 very strong 1 1 1 a-Al
2.233 93 2.261 medium 2 1 2 AlpFeNi
2.152 48 2.179 medium 1 2 2 AlpFeNi
2.132 28 2.145 weak 4 0 0 AlpFeNi
2.109 19 2.117 medium 3 2 0 AlpFeNi
2.067 29 2.079 medium 4 0  1 AlpFeNi
2.032 70 2.047 medium 3 2  1 AlpFeNi
2.024 47 2.028 very strong 2 0 0 a-Al
1.9968 4 1.999 medium 2 2 2 AlpFeNi
1.9624 43 1.965 strong 401,411 AlpFeNi
1.9562 85 1.957 weak 3 2  1 AlpFeNi
1.9203 73 1.928 weak 1 13 AlpFeNi
1.8815 8 1.888 weak 2 3 0 AlpFeNi
1.431 22 1.434 strong 2 2 0 a-Al
1.169 7 1.170 weak 2 2 2 a-Al
1.0124 2 1.010 weak 4 0 0 a-Al
0.9289 8 0.929 weak 3 3  1 a-Al
0.9055 8 0.907 weak 4 2 0 a-Al
a-Al: card 4-787
AlpFeNi:card 30-7
182
Table A2.7: XRD data of the powders (+45 -100 pm) of Alloy 2
d(Â)
ref.
Wo
ref.
d(Â)
measured
Intensity
measured
h k l Phase
4.380 100 4.410 weak 01 1 AlpFeNi
3.994 80 4.028 weak 1 1 1 AlpFeNi
3.805 87 3.834 weak 1 1 1 AlpFeNi
3.640 49 3.677 weak 2 0  1 AlpFeNi
3.529 62 3.534 weak 2 1 0 AlpFeNi
3.366 39 3.384 weak 2 0  1 AlpFeNi
3.051 6 3.100 weak 0 0 2 AlpFeNi
2.951 38 2.878 weak 1 2 0 AlpFeNi
2.590 18 2.599 weak 3 10 AlpFeNi
2.558 22 2.588 weak 1 12 AlpFeNi
2.338 100 2.344 very strong 1 1 1 a-Al
2.233 93 2.250 medium 2 12 AlpFeNi
2.152 48 2.172 weak 1 2 2 AlpFeNi
2.132 28 2.141 very weak 4 0 0 AlpFeNi
2.109 19 2.111 weak 3 2 0 AlpFeNi
2.067 29 2.074 medium 4 0  1 AlpFeNi
2.024 47 2.027 strong 2 0 0 a-Al
1.9968 4 1.993 weak 2 2 2 AlpFeNi
1.9924 43 1.964 medium 401,411 AlpFeNi
1.431 22 1.433 medium 2 2 0 a-Al
1.221 24 1.222 medium 3 1 1 a-Al
a-Al: card 4-787 
AlpFeNhcard 30-7
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Table A2.8: XRD data of the powders (+100 -200 pm) of Alloy 2
d(A )
ref.
I/Io
ref.
d(Â)
measured
Intensity
Measured
h k l Phase
4.380 100 4.439 weak 0 1 1 AlpFeNi
3.994 80 4.049 weak 1 1 1 AlpFeNi
3.805 87 3.833 weak 1 1 1 AlpFeNi
3.640 49 3.677 weak 2 0  1 AlpFeNi
3.529 62 3.553 weak 2 10 AlpFeNi
3.366 39 3.401 very weak 2 0  1 AlpFeNi
2.391 30 2.398 very weak 212,202 AlpFeNi
2.338 100 2.340 very strong 1 1 1 a-Al
2.298 88 2.313 weak 2 2 1 AlpFeNi
2.233 93 2.268 weak 2 12 AlpFeNi
2.152 48 2.167 weak 1 2 2 AlpFeNi
2.091 54 2.094 weak 1 2 2 AlpFeNi
2.067 29 2.075 weak 4 0  1 AlpFeNi
2.024 47 2.028 strong 2 0 0 a-Al
1.9968 4 1.999 weak 2 2 2 AlpFeNi
1.9624 43 1.970 medium 401,411 AlpFeNi
1.9562 85 1.955 medium 3 2  1 AlpFeNi
1.431 22 1.433 medium 2 2 0 a-AI
1.221 24 1.224 medium 3 1 1 a-Al
a-Al: card 4-787 
Al9FeNi:card 30-7
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Table A2.9: XRD data of the powders (-28 pm) of Alloy 3
d(A)
ref.
I/Io
ref.
d(A)
measured
Intensity
measured
h k l Phase
4.380 100 4.432 medium 0 1 1 AlpFeNi
3.994 80 4.040 medium -  I l l AlpFeNi
3.805 87 3.844 medium 1 1 1 AlpFeNi
3.640 49 3.685 medium 2 0  1 AlpFeNi
3.529 62 3.557 medium 2 10 AlpFeNi
3.366 39 3.401 weak 2 0  1 AlpFeNi
3.150 6 3.186 weak 2 1 1 AlpFeNi
3.051 35 3.113 weak 0 0 2 AlpFeNi
2.951 38 2.984 weak 1 2 0 AlpFeNi
2.590 18 2.592 weak 3 1 0 AlpFeNi
2.452 9 2.472 very weak 3 1 1 AlpFeNi
2.391 30 2.398 medium 212,202 AlpFeNi
2.338 100 2.344 very strong 1 1 1 a-Al
2.233 93 2.261 medium 2 1 2 AlpFeNi
2.152 48 2.175 medium 1 2 2 AlpFeNi
2.109 19 2.115 medium 3 2 0 AlpFeNi
2.067 . 29 2.075 medium 4 0  1 AlpFeNi
2.024 47 2.028 very strong 2 0 0 a-Al
1.9968 4 2.001 weak 2 2 2 AlpFeNi
1.9624 43 1.964 strong 401,411 AlpFeNi
1.431 22 1.433 strong 2 2 0 a-Al
1.221 24 1.222 medium 3 1 1 a-Al
1.169 7 1.169 weak 2 2 2 a-Al
0.9289 8 0.928 very weak 33 1 a-Al
a-Al: card 4-787 
AlpFeNi'.card 30-7
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Table A2.10: XRD data of the powders (+25 -45 pm) of Alloy 3
d(A)
ref.
Wo
ref.
d(A)
measured
Intensity
Measured
h k l Phase
4.380 1 0 0 4.439 Medium 0  1 1 AlpFeNi
3.994 80 4.040 Medium 1 1 1 AlpFeNi
3.805 87 3.855 Medium 1 1  1 AlpFeNi
3.640 49 3.687 Weak 2 0  1 AlpFeNi
3.529 62 3.543 Weak 2 1 0 AlpFeNi
3.366 39 3.401 Weak 2 0  1 AlpFeNi
3.051 35 3.106 Weak 0 0 2 AlpFeNi
2.951 38 2.965 Weak 1 2 0 AlpFeNi
2.590 18 2.599 Weak 3 1 0 AlpFeNi
2.585 2 1 2.587 Weak 2 0 2 AlpFeNi
, 2.391 30 2.404 Weak 2 1 2 , 2 0 2 AlpFeNi
2.338 1 0 0 2.347 very strong 1 1  1 a-Al
2.322 1 1 2.320 Medium 3 1 1 AlpFeNi
2.233 93 2.261 medium 2 1 2 AlpFeNi
2.152 48 2.175 weak 1 2 2 AlpFeNi
2.109 19 2.118 medium 3 2 0 AlpFeNi
2.091 54 2.080 medium 1 2 2 AlpFeNi
2.024 47 2.035 very strong 2 0 0 a-Al
1.9968 4 2 . 0 0 0 medium 2 2 2 AlpFeNi
1.9624 43 1.970 medium 401,411 AlpFeNi
1.9203 73 1.925 very weak 1 1 3 AlpFeNi
1.431 2 2 1.436 strong 2 2 0 a-Al
1 . 2 2 1 24 1.225 medium 3 1 1 a-Al
1.169 7 1.171 weak 2 2 2 a-Al
0.9289 8 0.929 very weak 4 0 0 a-Al
0.9055 8 0.908 very weak 3 3  1 a-Al
a-Al: card 4-787 
AlpFeNitcard 30-7
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Table Â2.11: XRD data of the powders (+45 -100 pm) of Alloy 3
d(Â)
ref.
I/I„
ref.
d(A)
measured
Intensity
measured
h k l Phase
4.380 1 0 0 4.439 weak 0  1 1 AlpFeNi
4.263 - -  18' 4.256 weak 2 0 0 - AlpFeNi
3.994 80 4.063 weak 1 1 1 AlpFeNi
3.805 87 3.844 weak 1 1 1 AlpFeNi
3.640 49 3.707 weak 2 0  1 AlpFeNi
3.529 62 3.570 weak 2 1 0 AlpFeNi
3.051 35 3.106 very weak 0 0 2 AlpFeNi
2.951 38 2.972 weak 1 2 0 AlpFeNi
2.590 18 2.601 weak 3 10 AlpFeNi
2.452 9 2.461 weak 3 1 1 AlpFeNi
2.391 30 2.402 weak 2 1 2 , 2 0 2 AlpFeNi
2.338 1 0 0 2.347 very strong 1 1 1 a-Al
2.322 1 1 2.324 weak 3 1 1 AlpFeNi
2.233 93 2.194 medium 2  1 2 AlpFeNi
2.152 48 2.164 weak 1 2 2 AlpFeNi
2.109 19 2.115 medium 3 2 0 AlpFeNi
2.067 29 2.075 medium 4 0 1 AlpFeNi
2.024 47 2.031 very strong 2 0 0 a-Al
1.9968 4 1.997 weak 2 2 2 AlpFeNi
1.9624 43 1.956 medium 401,411 AlpFeNi
1.431 2 2 1.434 medium 2 2 0 a-AI
1 . 2 2 1 24 1.225 medium 3 1 1 a-AI
a-Al: card 4-787 
AlgFeNi:card 30-7
187
Table Â2.12: XRD data of the powders (+100 -200 pm) of Alloy 3
d(Â)
ref.
Wo
ref.
d(Â)
measured
Intensity
Measnred
h k i Phase
4.380 1 0 0 4.395 Weak 0  1 1 AlpFeNi
3.994 80 4.051 weak 1 1 1 AlpFeNi
3.805 87 3.822 weak 1 1 1 AlpFeNi
3.640 49 3.667 weak 2 0 1 AlpFeNi
3.529 62 3.524 weak 2  1 0 AlpFeNi
3.366 39 3.375 weak 2 0  1 AlpFeNi
3.051 35 3.099 weak 0 0 2 AlpFeNi
2.951 38 2.959 weak 1 2 0 AlpFeNi
2.590 18 2.599 weak 3 10 AlpFeNi
2.452 9 2.461 very weak 3 1 1 AlpFeNi
. 2.391 30 2.416 very weak 2 1 2 , 2 0 2 AlpFeNi
2.380 55 2.387 weak 2 2 1 AlpFeNi
2.338 1 0 0 2.336 very strong 1 1 1 a-Al
2.298 8 8 2.309 medium 2 2  1 AlpFeNi
2.233 93 2.250 medium 2  1 2 AlpFeNi
2.152 48 2.177 weak 1 2 2 AlpFeNi
2.132 28 2.138 weak 4 0 0 AlpFeNi
2.109 19 2 . 1 1 2 weak 3 2 0 AlpFeNi
2.067 29 2.069 medium 4 0  1 AlpFeNi
2.024 47 2 . 0 2 2 very strong 2 0 0 a-AI
1.9968 4 1.992 weak 2 2 2 AlpFeNi
1.9624 43 1.964 medium 401,411 AlpFeNi
1.9429 74 1.948 very weak 1 3 1 AlpFeNi
1.9203 73 1.920 weak 1 13 AlpFeNi
1.431 2 2 1.432 strong 2 2 0 a-Al
1.169 7 1 . 2 2 1 medium 2 2 2 a-Al
a-AI: card 4-787 
AlpFeNi:card 30-7
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Table A2.13: XRD data of the powders (-25 pm) of Alloy 4
d(Â)
ref.
I/I„
ref.
d(A)
measured
Intensity
Measured
h k i Phase
4.380 1 0 0 4.439 Weak 0  1 1 AlpFeNi
3.994 80 4.051 Weak 1 1 1 AlpFeNi
3.805 87 3.866 Weak 1 1 1 AlpFeNi
3.640 49 3.707 Weak 2 0  1 AlpFeNi
3.529 62 3.561 weak 2  1 0 AlpFeNi
2.951 38 2.978 weak 1 2 0 AlpFeNi
2.590 18 2.616 weak 3 1 0 AlpFeNi
2.452 9 2.425 weak 3 1 1 AlpFeNi
2.391 30 2.400 weak 2 1 2 , 2 0 2 AlpFeNi
2.338 1 0 0 2.347 very strong 1 1 1 a-Al
2.233 93 2 . 2 2 1 weak 2 1 2 AlpFeNi
2.152 48 2.184 weak 1 2 2 AlpFeNi
2.109 19 2.118 weak 3 2 0 AlpFeNi
2.067 29 2.081 medium 4 0  1 AlpFeNi
2.032 70 2.049 weak 3 2 1 AlpFeNi
2.024 47 2.031 strong 2 0 0 a-Al
1.9968 4 2.003 weak 2 2 2 AlpFeNi
1.9624 43 1.967 medium 401,411 AlpFeNi
1.431 2 2 1.437 medium 2 2 0 a-Al
1 . 2 2 1 24 1.225 weak 3 1 1 a-Al
1.169 7 1.170 very weak 2 2 2 a-Al
0.9289 8 0.932 very weak 33  1 a-Al
a-Al; card 4-787 
AlpFeNircard 30-7
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Table A2.14: XRD data of the powders (+25 -45 pm) of Alloy 4
d(A )
ref.
I/Io
ref.
d(Â)
measured
Intensity
measured
h k l Phase
4.380 1 0 0 4.439 weak 0  1 1 AlgFeNi
3.994 80 4.051 weak 1 1 1 AlgFeNi
3.805 87 3.855 weak 1 1 1 AlgFeNi
3.640 49 3.687 weak 2 0  1 AlgFeNi
3.529 62 3.543 weak 2  1 0 AlgFeNi
3.366 39 3.401 weak 2 0 1 AlgFeNi
3.051 35 3.106 very weak 0 0 2 AlgFeNi
2.951 38 2.965 weak 1 2 0 AlgFeNi
2.590 18 2.599 weak 3 10 AlgFeNi
2.452 9 2.461 weak 3 1 1 AlgFeNi
2.391 30 2.404 weak 2 1 2 , 2 0 2 AlgFeNi
2.338 1 0 0 2.347 very strong 1 1  1 a-AI
2.322 1 1 2.320 medium 3 1 1 AlgFeNi
2.298 8 8 2.286 weak 2 2  1 AUFeNi
2.233 93 2.261 medium 2  1 2 AbFeNi
2.152 48 2.187 medium 1 2 2 AlgFeNi
2.109 19 2.118 medium 3 2 0 AlsFeNi
2.091 54 2.080 medium 1 2 2 AlçFeNi
2.024 47 2.031 very strong 2 0 0 a-AI
1,9968 4 2 . 0 0 0 weak 2 2 2 AlpFeNi
1.9624 43 1.970 medium 401,411 AWFeNi
1.431 2 2 1.436 medium 2 2 0 a-Al
1 . 2 2 1 24 1.225 medium 3 1 1 a-Al
1.169 7 1.171 weak 2 2 2 a-Al
0.9289 8 0.932 very weak 33  1 a-Al
a-Al: card 4-787 
AlgFeNixard 30-7
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Table A2.15: XRD data of the powders (+45 -100 pm) of Alloy 4
d(Â)
ref.
I/Io
ref.
d(Â)
measured
Intensity
Measured
h k l Phase
4.380 1 0 0 4.439 Weak 0  1 1 AlgFeNi
4.263 18 4.256 Weak 2 0 0 AlçFeNi
3.994 80 4.063 Weak 1 1  1 AlgFeNi
3.805 87 3.844 Weak 1 1 1 AlgFeNi
3.640 49 3.707 Weak 2 0  1 AlgFeNi
3.529 62 3.570 Weak 2  1 0 AlgFeNi
3.051 35 3.106 very weak 0 0 2 AlgFeNi
2.951 38 2.972 Weak 1 2 0 AlgFeNi
2.590 18 2.601 Weak 3 10 AlgFeNi
2.452 9 2.461 Weak 3 1 1 AlgFeNi
,2.391 30 2.402 Weak 2 1 2 , 2 0 2 AlgFeNi
2.338 1 0 0 2.347 very strong 1 1 1 a-Al
2.322 1 1 2.324 Weak 3 1 1 AlgFeNi
2.233 93 2.194 Medium 2  1 2 AlgFeNi
2.152 48 2.164 Weak 1 2 2 AlgFeNi
2.109 19 2.115 Medium 3 2 0 AlgFeNi
2.067 29 2.075 Medium 4 0  1 AlÿFeNi
2.024 47 2.031 very strong 2 0 0 a-Al
1.9968 4 1.997 Weak 2 2 2 AlgFeNi
1.9624 43 1.956 Medium 401,411 AlpFeNi
1.431 2 2 1.434 Medium 2 2 0 a-Al
1 . 2 2 1 24 1.225 Medium 3 1 1 a-AI
a-Al: card 4-787 
AlgFeNiicard 30-7
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Table A2.16: XRD data of the powders (+100 -200 pm) of Alloy 4
d(A )
ref.
VI,
ref.
d(Â)
measured
Intensity
Measured
h k l phase
4.380 1 0 0 4.498 Weak 0  1 1 AlpFeNi
3.994 80 4.088 Medium 1 1 1 AlpFeNi
3.805 87 3.866 Weak 1 1 1 AlpFeNi
3.640 49 3.707 Weak 2 0  1 AlpFeNi
3.366 39 3.633 weak 2 0  1 AlpFeNi
2.590 18 2.601 weak 3 1 0 AlpFeNi
2.452 9 2.468 very weak 3 1 1 AlpFeNi
2.338 1 0 0 2.347 very strong 1 1 1 a-Al
2.322 1 1 2.313 weak 3 1 1 AlpFeNi
2.233 93 2.264 weak 2  1 2 AlpFeNi
.2.152 48 2.157 weak 1 2 2 AlpFeNi
2.109 19 2.118 weak 3 2 0 AlpFeNi
2.080 54 2.080 medium 1 2 2 AlpFeNi
2.024 47 2.031 strong 2 0 0 a-Al
1.9968 4 1.997 weak 2 2 2 AlpFeNi
1.9624 43 1.959 weak 401,411 AlpFeNi
1.7079 1 1.707 very weak 0 2 3 AlpFeNi
1.431 2 2 1.436 medium 2 2 0 a-Al
1 . 2 2 1 24 1.225 medium 33  1 a-Al
a-Al: card 4-787 
Al9FeNi:card 30-7
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APPENDIX A3
X R D  D ata o f  Extruded or H ot Pressed A llo y s
Table A3.1: XRD data of as extruded Alloy 1 (ER=18:1).
d(A )
réf.
I/Io
réf.
d(Â)
measured
Intensity
measured
h k l Phase
4.380 1 0 0 4.482 weak 0  1 1 AlpFeNi
3.994 80 4.076 weak 1 1 1 AlpFeNi
3.805 87 3.871 weak 1 1 1 AlpFeNi
3.529 62 3.570 weak 2  1 0 AlpFeNi
3.366 39 3.418 weak 2 0  1 AlpFeNi
2.951 38 2.991 weak 1 2 0 AlpFeNi
2.590 18 2.698 weak 3 1 0 AlpFeNi
2.585 2 1 2.609 weak 2 0 2 AlpFeNi
2.391 30 2.412 weak 2 1 2 , 2 0 2 AlpFeNi
2.338 1 0 0 2.347 very strong 1 1 1 a-Al
2.233 93 2.271 weak 2  1 2 AlpFeNi
2.152 48 2.154 weak 1 2 2 AlpFeNi
2.132 28 2.130 very weak 4 0 0 AlpFeNi
2.109 19 2.118 weak 3 2 0 AlpFeNi
2.067 29 2.078 weak 4 0  1 AlpFeNi
2.053 99 2.054 weak 3 12 AlpFeNi
2.024 47 2.032 very strong 2 0 0 a-AI
1.9968 4 2.008 medium 2 2 2 AlpFeNi
1.9624 43 1.970 medium 401,411 AlpFeNi
1.431 2 2 1.435 strong 2 2 0 a-Al
1 . 2 2 1 24 1.224 strong 3 1 1 a-Al
1.169 7 1.171 strong 2 2 2 a-Al
1.0124 2 1.014 weak 4 0 0 a-Al
0.9289 8 0.930 weak 33  1 a-Al
0.9055 8 0.906 weak 4 2 0 a-Al
a-Al; card 4-787 
AlpFeNixard 30-7
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Table A3.2: XRD data of as extruded Alloy 2 (ER=18:1).
d(À)
réf. I/Ioréf.
d(Â)
measured
Intensity
measured
h k l Phase
4.380 1 0 0 4.424 weak 0  1 1 AlpFeNi
3.994 80 4.051 weak 1 1 1 AlpFeNi
3.805 87 3.844 weak 1 1 1 AlpFeNi
3.640 49 3.667 weak 2 0  1 AlpFeNi
3.529 62 3.552 weak 2  1 0 AlpFeNi
3.150 6 3.131 weak 2  1 1 AlpFeNi
3.051 35 3.099 very weak 0 0 2 AlpFeNi
2.951 38 2.984 weak 1 2 0 AlpFeNi
2.590 18 2.597 weak 3 10 AlpFeNi
2.585 2 1 2.587 weak 2 0 2 AlpFeNi
2.452 9 2.421 very weak 3 1 1 AlpFeNi
2.391 30 2.404 medium 2 1 2 , 2 0 2 AlpFeNi
2.338 1 0 0 2.340 very strong 1 1 1 a-Al
2.233 93 2.261 medium 2  1 2 AlpFeNi
2.152 48 2.177 weak 1 2 2 AlpFeNi
2.109 19 2.115 weak 3 2 0 AlpFeNi
2.067 29 2.075 weak 4 0  1 AlpFeNi
2.024 47 2 . 0 2 2 very strong 2 0 0 a-Al
1.9968 4 2 . 0 0 0 medium 2 2 2 AlpFeNi
1.9624 43 1.962 medium 401,411 AlpFeNi
1.431 2 2 1.433 strong 2 2 0 a-Al
1 . 2 2 1 24 1 . 2 2 2 strong 3 1 1 a-Al
1.169 7 1.170 medium 2 2 2 a-Al
0.9289 8 0.930 weak 33  1 a-Al
0.9055 8 0.906 weak 4 2 0 a-Al
a-Al; card 4-787
Al9FeNi;card 30-7
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Table A3.3: XRD data of as extruded Alloy 1 (ER=25;1).
d(Â)
ref. réf.
d(Â)
measured
Intensity
measured
h k 1 Phase
4.380 1 0 0 4.4231 weak 0  1 1 AlpFeNi
3.994 80 4.0327 weak 1 1  1 AlpFeNi
3.805 87 3.8433 weak 1 1 1 AlpFeNi
3.640 49 3.6863 very weak 2  0  1 AlpFeNi
3.529 62 3.5604 very weak 2  1 0 AlpFeNi
3.366 39 3.4085 weak 2  0  1 AlpFeNi
3.150 6 3.1414 weak 2  1 1 AlpFeNi
2.951 38 2.9709 weak 1 2  0 AlpFeNi
2.796 3 2.8537 veiy weak 0  2  1 AlpFeNi
2.391 30 2.3994 medium 2 1 2 , 2 0 2 AlpFeNi
2.338 1 0 0 2.3472 very strong 1 1 1 a-Al
2.233 93 2.2603 weak 2  1 2 AlpFeNi
2.152 48 2.1768 very weak 1 2  2 AlpFeNi
2.132 28 2.1214 very weak 4 0 0 AlpFeNi
2.067 29 2.0751 medium 4 0 1 AlpFeNi
2.053 99 2.0454 weak 3 1 2 AlpFeNi
2.024 47 2.0278 veiy strong 2  0  0 a-Al
1.9968 4 1.9997 medium 2  2  2 AlpFeNi
1.9624 43 1.9723 medium 401,411 AlpFeNi
1.9562 85 1.9615 medium 3 2 1 AlpFeNi
1.9203 73 1.9223 weak 1 1 3 AlpFeNi
1.431 2 2 1.4343 strong 2  2  0 a-Al
1 . 2 2 1 24 1.2228 very strong 3 1 1 a-Al
1.169 7 1.1708 very strong 2  2  2 a-Al
1.0124 2 1.0135 medium 4 0 0 a-Al
0.9289 8 0.9296 medium 3 3 1 a-Al
0.9055 8 0.9063 weak 4 2 0 a-Al
a-Al: card 4-787 
AlpFeNi: card 30-7
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Table A3.4; XRD data of as extruded Alloy 2 (ER=25:1).
d(A )
ref.
I/I„
Ref.
d(Â)
measured
Intensity
Measured
h k l Phase
4.438 100 4.4377 Medium 0 1 1 AlsFeNi
4.263 18 4.2954 Weak 2 0 0 AlpFeNi
3.994 80 4.0386 Medium 1 1 1 -AlpFeNi
4.037 S 1 0 0 AIjZr Liz
3.805 87 3.8324 Medium 1 1 1 AlpFeNi
3.64 49 3.6564 Weak 2 0 1 AlpFeNi
3.529 62 3.5886 Medium 2 1 0 AlpFeNi
3.366 39 3.4961 Medium 2 0 1 AlpFeNi
3.051 35 3.1058 Weak 0 0 2 AlpFeNi
2.951 38 2.9709 Weak 1 2 0 AlpFeNi
2.879 M 2.8390 Very weak 1 1 0 AljZr Liz
2.585 21 2.5987 Weak 2 0 2 AlpFeNi
2.452 9 2.4202 Weak 3 1 1 AlpFeNi
2.391 30 2.3994 Medium 212,202 AlpFeNi
2.338 100 2.3393 Very strong 1 1 1 a-Al
2.298 88 2.3162 Medium 2 2 1 AlpFeNi
2.233 93 2.2603 Medium 2 1 2 AlpFeNi
2.152 48 2.1751 Medium 1 2 2 AlpFeNi
2.132 28 2.1439 Weak 4 0 0 AlpFeNi
2.109 19 2.1181 Medium 3 2 0 AlpFeNi
2.067 29 2.0751 Medium 4 0 1 AlpFeNi
2.032 70 2.0454 Medium 3 2 1 AlpFeNi
2.024 47 2.0278 Very strong 2 0 0 a-Al
1.9968 4 1.9997 Medium 2 2 2 AlpFeNi
1.9624 43 1.9669 Medium 401,411 AlpFeNi
1.9429 74 1.9588 Medium 13 1 AlpFeNi
1.9263 73 1.9275 Weak 1 1 3 AlpFeNi
1.6976 1 1.6974 Weak 12 3 AlpFeNi
1.431 22 1.4343 Strong 2 2 0 a-Al
1.221 24 1.2219 Strong 3 1 1 a-Al
1.169 7 1.1715 Medium 2 2 2 a-Al
1.0124 2 1.0140 Very weak 4 0 0 a-Al
0.9289 8 0.9300 Weak 3 3 1 a-Al
0.9055 8 0.9063 Weak 4 2 0 a-Al
a-Al: card 4-787 
AlsFeNi; card 30-7
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Table A3.5: XRD data of as extruded Alloy 3 (ER=5:1).
d(Â )
ref.
I/Io
Ref.
d(Â)
measured
Intensity
measured
h k l Phase
5.062 74 5.155 weak 1 1 0 AlpFeNi
4.380 1 0 0 4.468 weak 0  1 1 AlpFeNi
4.263 18 4.324 Very weak 2 0 0 AlpFeNi
3.994 80 4.088 weak 1 1 1 AlpFeNi
4.037 s 4.051 weak 1 0 0 AlgZr LI 2
3.805 87 3.877 weak 1 1 1 AlpFeNi
3.640 49 3.707 weak 2 0  1 AlpFeNi
3.529 62 3.571 weak 2  1 0 AlpFeNi
3.051 35 3.113 weak 0 0 2 AlpFeNi
2.951 38 2.984 weak 1 2 0 AlpFeNi
2.879 s 2.884 Very weak 1 1 0 AlsZr LI 2
2.796 3 2.840 weak 0 2 1 AlpFeNi
2.452 9 2.437 weak 3 1 1 AlpFeNi
2.391 30 2.408 medium 2 1 2 , 2 0 2 AlpFeNi
2.338 1 0 0 2.351 Very strong 1 1 1 a-Al
2.322 1 1 2.324 medium 3 1 1 AlpFeNi
2.233 93 2.268 medium 2  1 2 AlpFeNi
2.152 48 2.187 weak 1 2 2 AlpFeNi
2.132 28 2 . 1 2 2 medium 4 0 0 AlpFeNi
2.109 19 2.087 weak 3 2 0 AlpFeNi
2.024 47 2.031 strong 2 0 0 a-Al
1.9968 4 2.008 weak 2 2 2 AlpFeNi
1.9624 43 1.975 medium 401,411 AlpFeNi
1.663 w 1.662 Very weak 2  1 1 AlgZr LI2
1.431 2 2 1.436 medium 2 2 0 a-Al
1.360 vw 1.364 Very weak 221,300 AlaZrLl2
1.290 vw 1.289 Very weak 3 1 0 AlgZr LI2
1 . 2 2 1 24 1.225 medium 3 1 1 a-Al
1.169 7 1.169 Very weak 2 2 2 a-Al
1.0124 2 1 . 0 1 0 Very weak 4 0 0 a-Al
a-Al; card 4-787
AlpFeNi;card 30-7
AlsZr Ll2:0hashi and Ichikawa, 1972
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Table A3.6: XRD data of Alloy 4 as consolidated.
d(Â)
ref.
I/Io
ref.
d(Â)
measured
Intensity
measured
h k l Phase
5.062 74 5.115 weak 1 1 0 AlpFeNi
4.380 1 0 0 4.439 medium 0  1 1 AlpFeNi
4.263 18 4.297 weak 2 0 0 AlpFeNi
3.994 80 4.051 medium 1 1 1 AlFeNi
4.037 s 1 0 0 Al]Zr LI2
3.805 87 3.866 weak 1 1 1 AlpFeNi
3.640 49 3.687 weak 2 0  1 AlpFeNi
3.529 62 3.570 weak 2  1 0 AlpFeNi
3.366 39 3.401 very weak 2 0  1 AlpFeNi
3.051 35 3.118 weak 0 0 2 AlpFeNi
2.951 38 2.991 weak 1 2 0 AlpFeNi
2.879 m 2.878 weak 1 1 0 Al]Zr LI2
2.590 18 2.592 weak 3 1 0 AlpFeNi
2.452 9 2.455 weak 3 1 1 AlpFeNi
2.391 30 2.408 medium 2 1 2 , 2 0 2 AlpFeNi
2.338 1 0 0 2.347 very strong 1 1 1 a-Al
2.233 93 2.264 medium 2 1 2 AlpFeNi
2.152 48 2.197 medium 1 2 2 AlpFeNi
2.132 28 2.144 weak 4 0 0 AlpFeNi
2.109 19 2 . 1 2 2 medium 3 2 0 AlpFeNi
2.067 29 2.078 medium 4 0  1 AlpFeNi
2.024 47 2.031 very strong 2 0 0 a-Al
1.9968 4 2.006 medium 2 2 2 AlpFeNi
1.9624 43 1.973 strong 401,411 AlpFeNi
1.431 2 2 1.435 medium 2 2 0 a-Al
1 . 2 2 1 24 1.223 medium 3 1 1 a-Al
1.169 7 1.172 very weak 2 2 2 a-Al
0.9289 8 0.929 very weak 33 1 a-Al
0.9055 8 0.908 very weak 4 2 0 a-Al
a-Al: card 4-787
AlpFeNi:card 30-7
AlgZr Ll^iOhashi and Ichikawa, 1972
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APPENDIX A4
X R D  D ata  o f  the H eat Treated A llo y s
Table A4.1: XRD data of Alloy 1 after 1 h at 673 K (400 °C) (ER=18:1).
d(Â )
ref.
I/Io
ref.
d(Â)
measured
Intensity
Measured
h k l Phase
4.380 1 0 0 4.424 Weak 0  1 1 AlpFeNi
4.263 18 4.324 Weak 2 0 0 AlpFeNi
3.994 80 4.016 very weak 1 1 1 AlpFeNi
3.805 87 3.844 Weak 1 1 1 AlpFeNi
3.640 49 3.677 very weak 2 0  1 AlpFeNi
3.529 62 3.552 Weak 2  1 0 AlpFeNi
3.366 39 3.392 Weak 2 0  1 AlpFeNi
3.150 6 3.135 Weak 2  1 1 AlpFeNi
2.951 38 2.952 Weak 1 2 0 AlpFeNi
2.590 18 2.592 Weak 2 0 2 AlpFeNi
2.391 30 2.398 Weak 2 1 2 , 2 0 2 AlpFeNi
2.338 1 0 0 2.336 very strong 1 1 1 a-Al
2.233 93 2.253 Weak 2  1 2 AlpFeNi
2.109 19 2 . 1 1 2 Weak 3 2 0 AlpFeNi
2.067 29 2.072 Weak 4 0  1 AlpFeNi
2.024 47 2 . 0 2 2 very strong 2 0 0 a-Al
1.9968 4 1.997 Weak 2 2 2 AlpFeNi
1.9624 43 1.969 Medium 401,411 AlpFeNi
1.9562 85 1.954 medium 3 2  1 AlpFeNi
1.431 2 2 1.432 medium 2 2 0 a-Al
1 . 2 2 1 24 1 . 2 2 1 strong 3 1 1 a-Al
1.169 7 1.169 strong 2 2 2 a-Al
1.0124 2 1.013 very weak 4 0 0 a-Al
0.9289 8 0.929 weak 33  1 a-Al
0.9055 8 0.906 weak 4 2 0 a-AI
a-Al: card 4-787
AlpFeNi:card 30-7
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Table A4.2: XRD data of Alloy 1 after 10 h at 673 K (400 °C) (ER=18;1).
d(Â)
ref.
I/Io
ref.
d(Â)
measured
Intensity
Measured
h k l Phase
3.994 80 4.088 Medium 1 1 1 AlpFeNi
3.805 87 3.866 Medium 1 1 1 AlpFeNi
3.640 49 3.687 Medium 2 0  1 AlpFeNi
3.529 62 3.561 Medium 2  1 0 AlpFeNi
3.366 39 3.414 Weak 2 0  1 AlpFeNi
2.951 38 2.978 Medium 1 2 0 AlpFeNi
2.585 2 1 2.599 Weak 2 0 2 AlpFeNi
2.452 9 2.425 Weak 3 1 1 AlpFeNi
2.391 30 2.406 Medium 2 1 2 , 2 0 2 AlpFeNi
2.338 1 0 0 2.347 very strong 1 1 1 a-Al
2.233 93 2.266 Medium 2 1 2 AlpFeNi
2.152 48 2.184 Weak 1 2 2 AlpFeNi
2.132 28 2.147 Weak 4 0 0 AlpFeNi
2.109 19 2.125 Medium 3 2 0 AlpFeNi
2.067 29 2.078 Medium 4 0  1 AlpFeNi
2.053 99 2.053 Medium 3 12 AlpFeNi
2.024 47 2.031 very strong 2 0 0 a-Al
1.9968 4 2 . 0 0 1 Medium 2 2 2 AlpFeNi
1.9624 43 1.970 Medium 401,411 AlpFeNi
1.9203 73 1.928 Weak 1 13 AlpFeNi
1.431 2 2 1.434 Strong 2 2 0 a-Al
1 . 2 2 1 24 1.223 Strong 3 1 1 a-Al
1.169 7 1.171 Strong 2 2 2 a-Al
1.0124 2 1.013 Medium 4 0 0 a-Al
0.9289 8 0.930 Weak 33  1 a-Al
0.9055 8 0.906 very strong 4 2 0 a-Al
a-Al: card 4-787
AlpFeNi:card 30-7
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Table A4.3: XRD data of Alloy 1 after 100 h at 673 K (400 °C) (ER=18:1).
d(Â)
ref.
I/Io
ref.
d(Â)
measured
Intensity
Measured
h k l Phase
4.380 1 0 0 4.424 Weak 0  1 1 AlpFeNi
3.994 80 4.040 Weak 1 1 1 AlpFeNi
3.805 87 3.833 Weak 1 1 1 AlpFeNi
3.640 49 3.667 Weak 2 0  1 AlpFeNi
3.529 62 3.543 Weak 2  1 0 AlpFeNi
3.366 39 3.392 Very weak 2 0  1 AlpFeNi
3.051 35 3.131 Very weak 0 0 2 AlpFeNi
2.951 38 2.959 Medium 1 2 0 AlpFeNi
2.585 2 1 2.587 Weak 2 0 2 AlpFeNi
23.91 30 2.396 Medium 2 1 2 , 2 0 2 AlpFeNi
2.338 1 0 0 2.340 Very strong 1 1 1 a-Al
2.233 93 2.253 Medium 2  1 2 AlpFeNi
2.152 48 2.170 Weak 1 2 2 AlpFeNi
2.132 28 2.141 Weak 4 0 0 AlpFeNi
2.109 19 2.115 Weak 3 2 0 AlpFeNi
2.067 29 2.072 Medium 4 0  1 AlpFeNi
2.024 47 2 . 0 2 2 Very strong 2 0 0 a-Al
1.9968 4 1.993 Medium 2 2 2 AlpFeNi
1.9624 43 1.164 Medium 4 01,411 AlpFeNi
1.9203 73 1.920 Weak 1 1 3 AlpFeNi
1.431 2 2 1.433 Very strong 2 2 0 a-Al
1 . 2 2 1 24 1 . 2 2 1 Strong 3 1 1 a-Al
1.169 7 1.170 Very strong 2 2 2 a-Al
1.0124 2 1 . 0 1 2 Very weak 4 0 0 a-Al
0.9289 8 0.929 Very weak 33  1 a-Al
0.9055 8 0.903 Very weak 4 2 0 a-Al
a-Al: card 4-787 
AlpFeNi'.card 30-7
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Table A4.4: XRD data of Alloy 1 after 1000 h at 673 K (400 °C) (ER=18:1).
d(A)
réf.
I/I„
ref.
d(Â)
measured
Intensity
Measured
h k l Phase
5.062 74 5.125 very weak 1 1 0 AlpFeNi
4.380 1 0 0 4.439 very weak O i l AlpFeNi
3.994 80 4.022 Weak 1 1 1 AlpFeNi
3.805 87 3.844 Weak 1 1 1 AlpFeNi
3.529 62 3.561 Weak 2  1 0 AlpFeNi
3.366 39 3.461 Weak 2 0 1 AlpFeNi
3.150 6 3.157 Weak 2  1 1 AlpFeNi
3.051 35 3.106 Weak 0 0 2 AlpFeNi
2.951 38 2.978 Weak 1 2 0 AlpFeNi
2.585 2 1 2.611 Weak 2 0 2 AlpFeNi
2.558 2 2 2.530 Weak 1 1 2 AlpFeNi
2.391 30 2.398 Weak 2 1 2 , 2 0 2 AlpFeNi
2.338 1 0 0 2.347 very strong 1 1 1 a-Al
2.322 1 1 2.320 Weak 3 1 1 AlpFeNi
2.298 8 8 2.301 Weak 2 2  1 AlpFeNi
2.233 93 2.264 Weak 2  1 2 AlpFeNi
2.152 48 2.169 Weak 1 2 2 AlpFeNi
2.109 19 2.109 Medium 3 2 0 AlpFeNi
2.067 29 2.075 Weak 4 0  1 AlpFeNi
2.053 99 2.054 Medium 3 12 AlpFeNi
2.024 47 2.034 very strong 2 0 0 a-Al
1.9968 4 2.003 Weak 2 2 2 AlpFeNi
1.9624 43 1.970 Weak 401,411 AlpFeNi
1.9203 73 1.929 Weak 1 1 3 AlpFeNi
1.431 2 2 1.434 Strong 2 2 0 a-Al
1 . 2 2 1 24 1.223 very strong 3 1 1 a-Al
1.169 7 1.171 Strong 2 2 2 a-Al
1.0124 2 1 . 0 1 1 very weak 4 0 0 a-Al
0.9289 8 0.930 Weak 33  1 a-Al
0.9055 8 0.906 Weak 4 2 0 a-Al
a-Al: card 4-787
AlpFeNi:card 30-7
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Table A4.5: XRD data of Alloy 2 after 1 h at 673 K (400 °C) (ER=18:1).
d(A)
réf.
I/Io
ref.
d(Â)
measured
Intensity
Measured
h k l Phase
4.380 1 0 0 4.439 Medium 0  1 1 AlpFeNi
3.994
4.037
80
s
4.051 Medium 1 1 1 
1 0 0
AlpFeNi 
Al]Zr LI 2
3.805 87 3.855 Medium 1 1 1 AlpFeNi
3.640 49 3.677 Weak 2 0  1 AlpFeNi
3.529 62 3.552 Medium 2  1 0 AlpFeNi
3.366 39 3.392 Weak 2 0  1 AlpFeNi
3.051 35 3.113 Weak 0 0 2 AlpFeNi
2.951 38 2.972 Weak 1 2 0 AlpFeNi
2.879 m 2.884 Very weak 1 1 0 AI3Z1' LI2
2.585 2 1 2.597 Weak 3 1 0 AlpFeNi
2.452 9 2.476 Weak 3 1 1 AlpFeNi
2.391 30 2.398 Medium 2 1 2 , 2 0 2 AlpFeNi
2.338 1 0 0 2.349 Very strong 1 1 1 a-Al
2.322 1 1 2.316 Medium 3 1 1 AlpFeNi
2.233 93 2.260 Medium 2 1 2 AlpFeNi
2.152 48 2.177 Weak 1 2 2 AlpFeNi
2.132 28 2.146 Weak 4 0 0 AlpFeNi
2.109 19 2,117 Medium 3 2 0 AlpFeNi
2.067 29 2.078 Medium 4 0  1 AlpFeNi
2.024 47 2.025 Very strong 2 0 0 a-Al
1.9968 4 1.997 Medium 2 2 2 AlpFeNi
1.9624 43 1.967 Strong 401,411 AlpFeNi
1,431 2 2 1.433 Very strong 2 2 0 a-Al
1 . 2 2 1 24 1 . 2 2 2 Very strong 3 1 1 a-AI
1.169 7 1.170 Medium 2 2 2 a-Al
0.9289 8 0.929 Weak 3 3  1 a-Al
0.9055 8 0.906 Weak 4 2 0 a-Al
a-Al: card 4-787
AlpFeNi:card 30-7
AlsZr L l2 :Ohashi and Ichikawa, 1972
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Table A4.6: XRD data of Alloy 2 after 10 h at 673 K (400 °C) (ER=18:1).
d(Â)
ref.
I/Io
ref.
d(Â)
measured
Intensity
Measured
h k l Phase
5.062 74 5.095 Weak 1 1 0 AlpFeNi
4.380 1 0 0 4.439 Medium 0  1 1 AlpFeNi
4.263 18 4.283 very weak 2 0 0 AlpFeNi
3.994 80 4.040 Weak 1 1 1 AlpFeNi
4.037 s 1 1 0 AljZr LI2
3.805 87 3.855 Medium 1 1 1 AlpFeNi
3.640 49 3.687 Weak 2 0  1 AlpFeNi
3.529 62 3.557 Medium 2  1 0 AlpFeNi
3.366 39 3.401 Weak 2 0  1 AlpFeNi
3.051 35 3.106 very weak 0 0 2 AlpFeNi
2.951 38 2.972 Medium 1 2 0 AlpFeNi
2.879 m 2.820 very weak 1 1 0 Al]Zr LI2
2.585 2 1 2.611 Weak 2 0 2 AlpFeNi
2.452 9 2.476 very weak 3 1 1 AlpFeNi
2.391 30 2,400 Medium 2 1 2 , 2 0 2 AlpFeNi
2.338 1 0 0 2.340 very strong 1 1 1 a-Al
2.298 8 8 2.312 Strong 2 2  1 AlpFeNi
2.233 93 2.257 Medium 2  1 2 AlpFeNi
2.152 48 2.177 Weak 1 2 2 AlpFeNi
2.132 28 2.144 Weak 4 0 0 AlpFeNi
2.109 19 2.115 Medium 3 2 0 AlpFeNi
2.067 29 2.075 Strong 4 0  1 AlpFeNi
2.024 47 2.025 very strong 2 0 0 a-Al
1.9968 4 2 . 0 0 1 Strong 2 2 2 AlpFeNi
1.9624 43 1.967 Strong 401,411 AlpFeNi
1.431 2 2 1.433 Strong 2 2 0 a-Al
1 . 2 2 1 24 1 . 2 2 1 Strong 3 1 1 a-Al
1.169 7 1.171 Medium 2 2 2 a-Al
1.0124 2 1.013 very weak 4 0 0 a-Al
0.9284 8 0.929 Weak 3 3  1 a-Al
0.9055 8 0.906 Weak 4 2 0 a-Al
a-Al: card 4-787
AlpFeNi:card 30-7 AlgZr L l2 :0 hashi and Ichikawa, 1972 
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Table A4.7: XRD data of Alloy 2 after 100 h at 673 K (400 °C) (ER=18:1).
d(A )
ref.
I/I.
Ref.
d(Â )
measured
Intensity
measured
h k l Phase
4.380 100 4.424 weak 0 1 1 AlpFeNi
4.263 18 4.283 very weak 2 0 0 AlpFeNi
3.994 80 4.051 weak 1 1 1 AIFeNi
4.037 s 1 0 0 AlgZr Llg
3.805 87 3.844 weak 1 1 1 AlpFeNi
3.640 49 3.673 weak 2 0  1 AlpFeNi
3.529 62 3.561 weak 2 1 0 AlpFeNi
3.366 39 3.409 very weak 2 0 1 AlpFeNi
3.051 35 3.106 very weak 0 0 2 AlpFeNi
2.951 38 2.965 weak 1 2 0 AlpFeNi
2.796 3 2.833 weak 0 2 1 AlpFeNi
2.879 m 2.878 very weak 1 1 0 Al]Zr LI;
2.585 21 2.592 weak 2 0 2 AlpFeNi
2.452 9 2.476 very weak 3 1 1 AlpFeNi
2.391 30 2.396 weak 212,202 AlpFeNi
2.338 100 2.340 very strong 1 1 1 a-Al
2.322 11 2.317 medium 2 2 1 AlpFeNi
2.233 93 2.260 medium 2 1 2 AlpFeNi
2.152 48 2.180 weak 1 2 2 AlpFeNi
2.132 28 2.141 weak 4 0 0 AlpFeNi
2.109 19 2.118 weak 3 2 0 AlpFeNi
2.067 29 2.075 medium 4 0  1 AlpFeNi
2.032 70 2.049 medium 3 2  1 AlpFeNi
2.024 47 2.025 very strong 2 0 0 a-Al
1.9968 4 2.000 medium 2 2 2 AlpFeNi
1.9624 43 1.970 medium 401,411 AlpFeNi
1.431 22 1.433 very strong 2 2 0 a-Al
1.221 24 1.222 very strong 3 1 1 a-Al
1.169 7 1.170 medium 2 2 2 a-Al
1.0124 2 1.013 very weak 4 0 0 a-Al
0.9289 8 0.930 weak 3 3  1 a-Al
0.9055 8 0.906 medium 4 2 0 a-Al
a-AI: card 4-787
AlpFeNhcard 30-7
A^Zr Ll2:Ohashi and Ichikawa, 1972
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Table A4.8: XRD data of Alloy 2 after 1000 h at 673 K (400 °C) (ER=18:1)
d(Â )
ref.
I/Io
ref.
d(Â)
measured
Intensity
Measured
h k l Phase
4.380 1 0 0 4.468 Weak 0  1 1 AlpFeNi
3.994 80 3.855 very weak 1 1 1 AlpFeNi
3.640 49 3.687 very weak 2 0  1 AlpFeNi
3.529 62 3.561 very weak 2  1 0 AlpFeNi
3.366 39 3.452 Weak 2 0  1 AlpFeNi
3.150 6 3.149 Weak 2  1 1 AlpFeNi
3.051 35 3.113 Weak 0 0 2 AlpFeNi
2.951 38 2.978 Weak 1 2 0 AlpFeNi
2.796 3 2.825 Weak 0 2  1 AlpFeNi
2.879 m 2.825 Weak 1 1 0 A IjZ t LI;
2.585 2 1 2.606 Medium 2 0 2 AlpFeNi
2.391 30 2.404 Weak 2 1 2 , 2 0 2 AlpFeNi
2.338 1 0 0 2.347 very strong 1 1 1 a-AI
2.322 1 1 2.309 Weak 3 1 1 AlpFeNi
2.233 93 2.261 Medium 2  1 2 AlpFeNi
2,152 48 2.175 Weak 1 2 2 AlpFeNi
2.132 28 2.147 very weak 4 0 0 AlpFeNi
2.109 19 2.115 Medium 3 2 0 AlpFeNi
2.067 29 2.078 Medium 4 0  1 AlpFeNi
2.032 70 2.049 Medimn 3 2  1 AlpFeNi
2.024 47 2.031 very strong 2 0 0 a-Al
1.9968 4 2 . 0 0 0 Medium 2 2 2 AlpFeNi
1.9624 43 1.973 Medium 401,411 AlpFeNi
1.431 2 2 1.434 Medium 2 2 0 a-Al
1 . 2 2 1 24 1.224 very str ong 3 1 1 a-Al
1.169 7 1.171 Medium 2 2 2 a-Al
0.9289 8 0.930 Weak 33  1 a-Al
0.9055 8 0.906 Weak 4 2 0 a-Al
a-Al: card 4-787
AlpFeNi:card30-7
AlsZr Ll2:0hashi and Ichikawa, 1972
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Table A4.9: XRD data of Alloy 1 after 1 h at 673 K (400 °C) (ER-25:1).
d(Â)
ref.
I/Io
ref.
d(Â)
measured
Intensity
measured
h k 1 Phase
4.380 1 0 0 4.4231 weak 0  1 1 AlçFeNi
4.263 18 4.3516 medium 2  0  0 AlçFeNi
3.805 87 3.8433 weak 1 1 1 AlçFeNi
3.640 49 3.6662 weak 2  0  1 AlçFeNi
3.529 62 3.5418 weak 2  1 0 AlçFeNi
3.366 39 3.3915 medium 2  0  1 AlçFeNi
3.051 35 3.1306 veiy weak 0  0  2 AlçFeNi
2.585 2 1 2.5914 weak 2  0  2 AlçFeNi
2.452 9 2.4202 very weak 3 1 1 AlçFeNi
2.391 30 2.3974 weak 2 1 2 , 2 0 2 AlçFeNi
2.338 1 0 0 2.3374 veiy strong 1 1 1 a-Al
2.233 93 2.2568 medium 2  1  2 AlçFeNi
2.152 48 2.1751 very weak 1 2  2 AlçFeNi
2.109 19 2.1152 weak 3 2 0 AlçFeNi
2.067 29 2.0751 medium 4 0 1 AlçFeNi
2.024 47 2.0251 very strong 2  0  0 a-Al
1.9968 4 1.9928 weak 2  2  2 AlçFeNi
1.9624 43 1.9669 medium 401,411 AlçFeNi
1.9429 74 1.9482 medium 1 3 1 AlçFeNi
1.923 73 1.9198 weak 1 1 3 AlçFeNi
1.431 2 2 1.4317 very strong 2  2  0 a-Al
1 . 2 2 1 24 1.2219 very strong 3 1 1 a-Al
1.0124 2 1.0130 weak 4 0 0 a-Al
0.9289 8 0.9296 strong 3 3 1 a-Al
0.9055 8 0.9059 medium 4 2 0 a-Al
a-Al: card 4-787 
AlçFeNi: card 30-7
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Table A4.10: XRD data of Alloy 1 after 10 h at 673 K (400 °C) (ER=25:1).
d(Â)
ref. réf.
d(Â)
measured
Intensity
measured
h k 1 Phase
4.380 1 0 0 4.4087 very weak 0  1 1 AlçFeNi
4.263 18 4.1634 very weak 2  0  0 AlçFeNi
3.994 80 4.0147 weak 1 1  1 AlçFeNi
3.805 87 3.8215 medium 1 1 1 AlçFeNi
3.640 49 3.6662 medium 2  0  1 AlçFeNi
3.529 62 3.6073 medium 2  1 0 AlçFeNi
3.051 35 3.0778 weak 0  0  2 AlçFeNi
2.585 2 1 2.5863 very weak 2  0  2 AlçFeNi
2.452 9 2.4160 weak 3 1 1 AlçFeNi
2.391 30 2.3974 weak 2 1 2 , 2 0 2 AlçFeNi
2.338 1 0 0 2.3355 veiy strong 1 1 1 a-Al
2.298 8 8 2.3086 weak 2  2  1 AlçFeNi
2.233 93 2.2513 medium 2  1 2 AlçFeNi
2.152 48 2.1701 weak 1 2  2 AlçFeNi
2.132 28 2.1406 weak 4 0 0 AlçFeNi
2.109 19 2 . 1 1 2 0 weak 3 2 0 AlçFeNi
2.067 29 2.0691 medium 4 0 1 AlçFeNi
2.032 70 2.0425 medium 3 2 1 AlçFeNi
2.024 47 2 . 0 2 2 2 very strong 2  0  0 a-Al
1.9968 4 1.9941 weak 2  2  2 AlçFeNi
1.9624 43 1.9642 medium 401,411 AlçFeNi
1.9429 74 1.9455 weak 1 3 1 AlçFeNi
1.431 2 2 1.4317 very strong 2  2  0 a-Al
1 . 2 2 1 24 1 . 2 2 1 1 very strong 3 1 1 a-Al
1.169 7 1.1574 medium 2  2  2 a-Al
1.0124 2 1.0130 weak 4 0 0 a-Al
0.9289 8 0.9296 medium 3 3 1 a-Al
0.9055 8 0.9062 medium 4 2 0 a-Al
a-Al: card 4-787 
AlçFeNi: card 30-
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Table A4.11: XRD data of Alloy 1 after 100 h at 673 K (400 °C) (ER=25:1).
d(Â)
ref.
LTo
ref.
d(Â)
measured
Intensity
Measured
h k 1 Phase
4.380 1 0 0 4.4377 weak 0  1 1 AlçFeNi
3.994 80 4.0027 weak 1 1 1 AlçFeNi
3.805 87 3.8433 weak 1 1 1 AlçFeNi
3.640 49 3.6762 weak 2  0  1 AlçFeNi
3.529 62 3.5052 weak 2  1 0 AlçFeNi
3.366 39 3.3915 weak 2  0  1 AlçFeNi
3.150 6 3.1306 weak 2  1 1 AlçFeNi
3.051 35 3.1058 weak 0  0  2 AlçFeNi
2.951 38 2.9518 weak 1 2  0 AlçFeNi
2.796 3 2.7901 strong 0  2  1 AlçFeNi
2.585 2 1 2.5863 weak 2  0  2 AlçFeNi
2.391 30 2.3974 weak 2 1 2 , 2 0 2 AlçFeNi
2.338 1 0 0 2.3393 very strong 1 1 1 a-Al
2.233 9 2.2568 medium 2  1 2 AlçFeNi
2.152 48 2.1751 weak 1 2  2 AlçFeNi
2.109 19 2.1152 weak 3 2 0 AlçFeNi
2.067 29 2.0751 medium 4 0 1 AlçFeNi
2.032 70 2.0454 medium 3 2 1 AlçFeNi
2.024 47 2.0251 very strong 2  0  0 a-Al
1.9624 43 1.9669 medium 401,411 AlçFeNi
1.9429 74 1.9509 weak 1 3 1 AlçFeNi
1.431 2 2 1.4330 very strong 2  2  0 a-Al
1 . 2 2 1 24 1.2219 very strong 3 1 1 a-Al
1.169 7 1.1708 weak 2  2  2 a-Al
1.0124 2 1.0130 medium 4 0 0 a-Al
0.9289 8 0.9300 medium 3 3 1 a-Al
0.9055 8 0.9062 medium 4 2 0 a-Al
a-Al: card 4-787
AlçFeNi: card 30-7
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Table A4.12; XRD data of Alloy 2 after 1 h at 673 K (400 ‘‘C) (ER=25:1).
d(Â)
ref.
I/Io
ref.
d(Â)
measured
Intensity
Measured
h k l Phase
4.263 18 4.2954 Medium 2 0 0 AlçFeNi
3.994 80 4.0265 Medium 1 1 1 AlçFeNi
4.037 s 1 0 0 AlgZr Llj
3.805 87 3.8324 Medium 1 1 1 AlçFeNi
3.64 49 3.6863 strong 2 0 1 AlçFeNi
3.529 62 3.5326 Medium 2  1 0 AlçFeNi
3.366 39 3.3747 weak 2 0  1 AlçFeNi
3.051 35 3.0916 Medium 0 0 2 AlçFeNi
2.951 38 2.9646 weak 1 2 0 AlçFeNi
2.879 m 2.8716 weak 1 1 0 AlsZrLlz
2.796 3 2.8302 weak 0 2  1 AlçFeNi
2.585 2 1 2.5863 weak 2 0 2 AlçFeNi
2.391 30 2.3954 Medium 2 1 2 , 2 0 2 AlçFeNi
2.338 1 0 0 2.3374 Very strong 1 1 1 a-Al
2.298 8 8 2.3086 Medium 2 2 1 AlçFeNi
2.233 93 2.2531 Medium 2  1 2 AlçFeNi
2.152 48 2.1734 Medium 1 2 2 AlçFeNi
2.132 28 2.1374 Medium 4 0 0 AlçFeNi
2.109 19 2.1088 Medium 3 2 0 AlçFeNi
2.067 29 2.0719 Medium 4 0  1 AlçFeNi
2.032 70 2.0425 Medium 3 2  1 AlçFeNi
2.024 47 2.0251 Very strong 2 0 0 a-Al
1.9968 4 1.9928 Medium 2 2 2 AlçFeNi
1.9624 43 1.9642 strong 401,411 AlçFeNi
1.9429 74 1.9455 Medium 13 1 AlçFeNi
1.431 2 2 1.4330 Very strong 2 2 0 a-Al
1 . 2 2 1 24 1.2219 Very strong 3 1 1 a-Al
1.169 7 1.1692 Medium 2 2 2 a-Al
1.0124 2 1.0135 weak 4 0 0 a-Al
0.9289 8 0.9296 Medium 33 1 a-Al
0.9055 8 0.9063 Medium 4 2 0 a-Al
a-Al: card 4-787 AlçFeNi: card 30-7 AlaZr Ll2:0hashi and Ichikawa, 1972
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Table A4.13: XRD data of Alloy 2 after 10 h at 673 K (400 °C) (ER=25:1).
d(Â)
ref. I/Ioref.
d(Â)
measured
Intensity
Measured
h k 1 Phase
4.380 1 0 0 4.4231 Medium 0  1 1 AlçFeNi
4.263 18 4.2825 Weak 2  0  0 AlçFeNi
3.994 80 4.0386 Weak 1 1 1 AlçFeNi
4.037 s 1 0  0 AlsZrLlz
3.805 87 3.8324 Medium 1 1 1 AlçFeNi
3.640 49 3.6963 Medium 2  0  1 AlçFeNi
3.529 62 3.5418 Medium 2  1 0 AlçFeNi
3.366 39 3.3831 Weak 2  0  1 AlçFeNi
3.450 6 3.1632 Weak 2  1 1 AlçFeNi
2.879 m 2.8596 Very weak 1 1 0 AlgZr Llg
2.391 30 2.3954 Weak 2 1 2 , 2 0 2 AlçFeNi
2.338 1 0 0 2.3355 Very strong 1 1 1 a-Al
2.298 8 8 2.3124 Medium 2  2  1 AlçFeNi
2.233 93 2.2603 Medium 2  1 2 AlçFeNi
2.152 48 2.1751 Weak 1 2  2 AlçFeNi
2.132 28 2.1374 Very weak 4 0 0 AlçFeNi
2.109 19 2.1152 Weak 3 2 0 AlçFeNi
2.067 29 2.0719 Medium 4 0 1 AlçFeNi
2.032 70 2.0483 Weak 3 2 1 AlçFeNi
2.024 47 2.0251 Very strong 2  0  0 a-Al
1.9968 4 1.9969 Weak 2  2  2 AlçFeNi
1.9624 43 1.9669 Medium 401,411 AlçFeNi
1.431 2 2 1.4330 Veiy strong 2  2  0 AlçFeNi
1 . 2 2 1 24 1.2219 Strong 3 1 1 a-Al
1.169 7 1.1692 Weak 2  2  2 a-Al
1.0124 2 1.0125 Very weak 4 0 0 a-Al
0.9289 8 0.9296 Medium 3 3 1 a-Al
0.9055 8 0.9063 Weak 4 2 0 a-Al
a-Al: card 4-787
AlçFeNi: card 30-7
AlgZr L l 2:Ohashi and Ichikawa, 1972
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Table A4.14; XRD data of Alloy 2 after 100 h at 673 K (400 ®C) (ER=25:1).
d(A)
ref.
I/Io
ref.
d(Â)
measured
Intensity
Measured
h k 1 Phase
4.380 100 4.4377 Weak 0 1 1 AlçFeNi
4.263 18 4.3306 Weak 2 0 0 AlçFeNi
3.994 80 4.0508 Weak 1 1 1 AlçFeNi
4.037 s 1 0 0 AlsZr LI2
3.805 87 3.8542 Weak 1 1 1 AlçFeNi
3.529 62 3.5510 Weak 2 1 0 AlçFeNi
3.366 39 3.4085 Weak 2 0 1 AlçFeNi
3.051 35 3.1058 Weak 0 0 2 AlçFeNi
2.879 m 2.8716 very weak 1 1 0 Al]Zr LI2
2.585 21 2.6060 Weak 2 0 2 AlçFeNi
2.391 30 2.3974 Medium 212,202 AlçFeNi
2.338 100 2.3374 very strong 1 1 1 a-Al
2.233 93 2.2603 Medium 2 1 2 AlçFeNi
2.152 48 2.1768 Weak 1 2 2 AlçFeNi
2.132 28 2.1406 Weak 4 0 0 AlçFeNi
2.109 19 2.1152 Weak 3 2 0 AlçFeNi
2.067 29 2.0751 Medium 4 0 1 AlçFeNi
2.024 47 2.0251 very strong 2 0 0 a-Al
1.9968 4 1.9997 Medium 2 2 2 AlçFeNi
1.9624 43 1.9669 Medium 401,411 AlçFeNi
1.9562 85 1.9522 Medium 3 2 1 AlçFeNi
1.431 22 1.4317 very strong 2 2 0 a-Al
1.221 24 1.2219 Strong 3 1 1 a-Al
1.169 7 1.1708 Medium 2 2 2 a-Al
1.0124 2 1.0135 very weak 4 0 0 a-Al
0.9289 8 0.9300 very strong 3 3 1 a-Al
0.9055 8 0.9063 Medium 4 2 0 a-Al
a-Al: card 4-787
AlçFeNi: card 30-7
AlgZrLlg: Ohashi and Ichikawa, 1972
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Table A4.15: XRD data of Alloy 3 after 1 h at 673 K (400 °C).
d(Â)
réf. réf.
D(Â)
Measured
Intensity
Measured
h k l Phase
5.062 74 5.095 Weak 1 10 AlçFeNi
4.380 100 4.439 Weak 0 1 1 AlçFeNi
4.263 18 4.269 very weak 2 0 0 AlgFeNi
3.994 80 4.088 Weak 1 1 1 AlgFeNi
4.037 s 1 0 0 Al]Zr LI2
3.805 87 3.877 Weak 1 1 1 AlgFeNi
3.640 49 3.633 Weak 2 0  1 AlgFeNi
3.366 39 3.363 Weak 2 0  1 AlgFeNi
2.951 38 2.978 Weak 1 2 0 AlgFeNi
2.879 m 2.930 Medium 1 10 Al^Zr LI2
2.796 3 2.754 Weak 0 2  1 AlgFeNi
2.452 9 2.468 Weak 3 1 1 AlgFeNi
2.338 100 2.347 very strong 1 1 1 a-Al
2.322 11 2.328 Weak 3 1 1 AlçFeNi
2.298 88 2.309 Weak 2 2  1 AlgFeNi
2.233 93 2.268 Medium 2 1 2 AlçFeNi
2.132 28 2.122 Medium 4 0 0 AlgFeNi
2.109 . 19 2.100 Medium 3 2 0 AWFeNi
2.067 29 2.084 Medium 4 0  1 AigFeNi
2.053 99 2.057 Medium 3 1 2 AlpFeNi
2.024 47 2.028 very strong 2 0 0 a-Al
1.9968 4 2.006 Weak 2 2 2 AlgFeNi
1.9624 43 1.973 Medium 401,411 AlgFeNi
1.431 22 1.436 Medium 2 2 0 a-Al
1.221 24 1.225 Medium 3 1 1 a-Al
a-Al: card 4-787
Alç>FeNi:card 30-7
AIsZr LlziOhashi and Ichikawa, 1972
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Table A4.16: XRD data of Alloy 3 after 10 h at 673 K (400 ®C).
d(Â)
ref.
Vlo
ref.
d(A )
measured
Intensity
Measured
h k i Phase
6.102 5 6.108 Weak 0 0  1 AlgFeNi
4.380 100 4.439 Weak 0 1 1 AlpFeNi
4.263 18 4.269 Weak 2 0 0 AlgFeNi
3.994 80 4.088 Weak 1 1 1 AlgFeNi
4.037 s 4.063 Weak 1 0 0 AlgZr LI2
3.805 87 3.855 Weak 1 1 1 AlçFeNi
3.640 49 3.702 Weak 2 0  1 AlçFeNi
3.529 62 3.561 Weak 2 1 0 AlgFeNi
2.879 m 2.878 Weak 1 1 0 AlgZr LI2
2.338 100 2.347 Very strong 1 1 1 a-Al
2.322 11 2.320 Medium 3 1 1 AlgFeNi
2.233 93 2.264 Medium 2 12 AlgFeNi
2.152 48 2.177 Medium 1 2 2 AlpFeNi
2.132 28 2.127 Weak 4 0 0 AlgFeNi
2.109 19 2.115 Weak 3 2 0 AlgFeNi
2.067 29 2.080 Medium 4 0  1 AlgFeNi
2.024 47 2.031 Very strong 2 0 0 a-Al
1.9624 43 1.975 Medium 401,411 AlgFeNi
1.431 22 1.436 Strong 2 2 0 a-Al
1.221 24 1.224 Strong 3 1 1 a-Al
1.169 7 1.172 Weak 2 2 2 a-Al
0.9055 8 0.907 Weak 4 2 0 a-Al
a-Al: card 4-787
AlgFeNi’.card 30-7
AlgZr LlziOhashi and Ichikawa, 1972
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Table A4.17: XRD data of Alloy 3 after 100 h at 673 K (400 ‘’C).
d(Â )
réf.
I/Io
réf.
d(Â)
measured
Intensity
Measured
h k l Phase
5.062 74 5.175 Weak 1 1 0 AlgFeNi
4.380 100 4.468 Weak 0 1 1 AlgFeNi
3.994 80 4.076 Weak 1 1 1 AlgFeNi
4.037 s 4.051 Weak 1 0 0 Al;Zr L lj
3.805 87 3.866 Weak 111 AlgFeNi
3.529 62 3.579 Weak 2 10 AlgFeNi
3.366 39 3.418 Weak 2 0  1 AlgFeNi
3.051 35 3.120 Weak 0 0 2 AlgFeNi
2.951 38 2.978 Weak 1 2 0 AlgFeNi
2.879 m 2.890 Weak 1 1 0 AlgZr LI2
2.585 21 2.601 Weak 2 0 2 AlgFeNi
2.391 30 2.400 Medium 212,202 AlgFeNi
2.338 100 2.347 Very strong 1 1 1 a-Al
2.233 93 2.271 Medium 2 12 AlgFeNi
2.152 48 2.184 Medium 1 2 2 AlgFeNi
2.132 28 2.122 Weak 4 0 0 AlgFeNi
2.067 29 2.084 Medium 4 0  1 AlgFeNi
2.053 99 2.054 Medium 3 12 AlgFeNi
2.024 47 2.034 Very strong 2 0 0 a-Al
1.9968 4 2.006 Medium 2 2 2 AlgFeNi
1.9624 43 1.975 Medium 401,411 AlgFeNi
1.9562 85 1.959 Medium 3 2 1 AlgFeNi
1.431 22 1.436 Strong 2 2 0 a-Al
1.360 vw 1.362 Very weak 221,300 AlsZrLlj
1.221 24 1.223 Strong 3 1 1 a-Al
1.169 7 1.176 1 Medium 2 2 2 a-Al
a-Al: card 4-787
AlgFeNiicard 30-7
AlsZr L l2 :Ohashi and Ichikawa, 1972
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Table A4.18: XRD data of Alloy 3 after 1000 h at 673 K (400 °C).
d(Â )
réf.
Vio
réf.
d(Â)
measured
Intensity
Measured
h k l Phase
5.062 74 5.115 Weak 1 1 0 AlgFeNi
4.380 100 4.439 Weak 0 1 1 AlgFeNi
3.994 80 4.040 Weak 1 1 1 AlgFeNi
4.037 s 4.028 Weak 1 0 0 AlgZr LI2
3.805 87 3.833 Weak 1 1 1 AlgFeNi
2.585 21 2.599 Weak 3 10 AlgFeNi
2.391 30 2.398 Weak 212,202 AlgFeNi
2.338 100 2.347 Very strong 1 1 1 a-Al
2.322 11 2.320 Medium 3 1 1 AlgFeNi
2.233 93 2.261 Medium 2 12 AlgFeNi
2.152 48 2.180 Medium 1 2 2 AlgFeNi
2.132 28 2.127 Weak 4 0 0 AlgFeNi
2.109 19 2.112 Weak 3 2 0 AlgFeNi
2.067 29 2.078 Medium 4 0  1 AlgFeNi
2.053 99 2.052 Medium 3 12 AlgFeNi
2.024 47 2.031 Very strong 2 0 0 a-Al
1.9968 4 2.000 Medium 2 2 2 AlgFeNi
1.9624 43 1.971 Strong 401,411 AlgFeNi
1.431 22 1.435 Strong 2 2 0 a-Al
1.221 24 1.223 Strong 3 1 1 a-Al
1.169 7 1.172 Weak 2 2 2 a-Al
0.9289 8 0.929 Very weak 3 3  1 a-Al
0.9055 8 0.907 Very weak 4 2 0 a-Al
a-Al: card 4-787
AlgFeNiicard 30-7
AlgZr Ll2:0hashi and Ichikawa, 1972
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Table A4.19: XRD data of Alloy 4 after 1 h at 673 K (400 ”C).
d(Â)
réf.
Ï/Io
réf.
d(Â)
measured
Intensity
Measured
h k l Phase
5.062 74 5.175 Weak 1 1 0 AlgFeNi
4.380 100 4.498 Weak 0 1 1 AlgFeNi
4.263 18 4.293 Very weak 2 0 0 AlgFeNi
3.994 80 4.100 Weak 1 1 1 AlgFeNi
4.037 s 4.067 Veiy weak 1 0 0 AljZr LI 2
3.805 87 3.892 Weak 111 AlgFeNi
3.640 49 3.733 Weak 2 0  1 AlgFeNi
3.529 62 3.585 Weak 2 1 0 AlgFeNi
3.366 39 3.427 Weak 2 0  1 AlgFeNi
3.150 6 3.131 Weak 2 1 1 AlgFeNi
2.879 m 2.854 Very weak 1 10 Al^Zr LI2
2.585 21 2.611 Weak 2 0 2 AlgFeNi
2.452 9 2.468 Weak 3 1 1 AlgFeNi
2.338 100 2.358 Very strong 1 1 1 a-Al
2.322 11 2.328 Medium 3 1 1 AlgFeNi
2.233 93 2.275 Medium 2 12 AlgFeNi
2.152 48 2.201 Medium 1 2 2 AlgFeNi
2.132 28 2.191 Medium 4 0 0 AlgFeNi
2.109 19 2.128 Medium 3 2 0 AlgFeNi
2.091 54 2.091 Medium 1 2 2 AlgFeNi
2.024 47 2.037 Strong 2 0 0 a-Al
1.9968 4 2.008 Weak 2 2 2 AlgFeNi
1.9624 43 1.975 Medium 401,411 AlgFeNi
1.431 22 1.438 Medium 2 2 0 a-Al
1.221 24 1.224 Medium 3 1 1 a-Al
1.169 7 1.174 Weak 2 2 2 a-Al
0.9289 8 0.932 Very weak 3 3  1 a-Al
a-Al: card 4-787
AlgFeNi:card 30-7
AlaZr Ll2:0hashi and Ichikawa, 1972
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Table A4.20: XRD data of Alloy 4 after 10 h at 673 K (400 ”C).
d(Â)
réf.
Mo
réf.
d(Â)
measured
Intensity
Measured
h k l Phase
5.062 74 5.155 weak 1 1 0 AlgFeNi
4.380 100 4.498 weak 0 1 1 AlgFeNi
4.263 18 4.230 weak 2 0 0 AlgFeNi
3.994 80 4.088 weak 1 1 1 AlgFeNi
4.037 s 4.022 Very weak 1 0 0 Al]Zr LI2
3.805 87 3.899 weak 1 1 1 AlgFeNi
3.640 49 3.697 weak 2 0  1 AlgFeNi
3.529 62 3.579 weak 2 1 0 AlgFeNi
3.366 39 3.427 weak 2 0  1 AlgFeNi
2.951 38 2.984 weak 1 2 0 AlgFeNi
2.879 m 2.908 weak 1 10 AIsZrLlz
2.585 21 2.601 weak 2 0 2 AlgFeNi
2.452 9 2.476 weak 3 1 1 AlgFeNi
2.391 30 2.412 Medium 212,202 AlgFeNi
2.338 100 2.351 Very strong 1 1 1 a-Al
2.233 93 2.264 Medium 2 12 AlgFeNi
2.152 48 2.194 Medium 1 2 2 AlgFeNi
2.132 28 2.154 weak 4 0 0 AlgFeNi
2.109 19 2.115 Medium 3 2 0 AlgFeNi
2.067 29 2.084 Medium 4 0  1 AlgFeNi
2.024 47 2.035 Strong 2 0 0 a-Al
1.9968 4 2.008 weak 2 2 2 AlgFeNi
1.9624 43 1.975 Medium 401,411 AlgFeNi
1.431 22 1.437 Medium 2 2 0 a-Al
1.221 24 1.224 Medium 3 1 1 a-Al
1.169 7 1.169 Very weak 2 2 2 a-Al
1.0124 2 1.012 Very weak 4 0 0 a-Al
0.9289 8 0.929 Very weak 3 3 0 a-Al
0.9055 8 0.907 Very weak 4 2 0 a-Al
a-Al: card 4-787
AlgFeNi'.card 30-7
AlgZr Ll2:0hashi and Ichikawa, 1972
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Table A4.21: XRD of Alloy 4 after 100 h at 673 K (400 °C).
d(Â)
ref.
Vlo
ref.
d(Â)
measured
Intensity
Measured
h k l Phase
5.062 74 5.076 Weak 1 1 0 AlgFeNi
4.380 100 4.432 Weak 0 1 1 AlgFeNi
3.994 80 4.040 Weak 1 1 1 
1 0 0
AlgFeNi
AlsZrLU
3.366 39 3.392 Weak 2 0  1 AlgFeNi
3.051 35 3.106 Weak 0 0 2 AlgFeNi
2.879 m 2.854 Very weak 1 1 0 Al)Zr LI2
2.585 21 2.599 Weak 2 0 2 AlgFeNi
2.452 9 2.461 Weak 3 1 1 AlgFeNi
2.391 30 2.404 Weak 212,202 AlgFeNi
2.338 100 2.340 Veiy strong 1 1 1 a-Al
2.322 11 2.320 Weak 3 1 1 AlgFeNi
2.233 93 2.261 Medium 2 12 AlgFeNi
2.152 48 2.191 Medium 1 2 2 AlgFeNi
2.132 28 2.151 Weak 4 0 0 AlgFeNi
2.109 19 2.115 Weak 3 2 0 AlgFeNi
2.067 29 2.075 Medium 4 0  1 AlgFeNi
2.024 47 2.028 Strong 2 0 0 a-Al
1.9968 4 1.997 Weak 2 2 2 AlgFeNi
1.9624 43 1.964 Medium 401,411 AlgFeNi
1.431 22 1.433 Medium 2 2 0 a-Al
1.360 vw 1.395 Very weak 221,300 AlsZrLlz
1.221 24 1.223 Medium 3 1 1 a-Al
0.9289 8 0.929 Very weak 33  1 a-Al
a-Al: card 4-787 
AlgFeNi:card 30-7
ALZr L l 2:Ohashi and Ichikawa, 1972
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Table A4.22: XRD of Alloy 4 after 1000 h at 673 K (400 °C).
d(A)
ref.
1/1=
ref.
d(A)
measured
Intensity
Measured
h k l Phase
4.380 100 4.395 weak 0 1 1 AlgFeNi
4.263 18 4.243 weak 2 0 0 AlgFeNi
3.994 80 4.076 weak 1 1 1 AlgFeNi
4.037 s 4.016 weak 1 0 0 Al]Zr LI2
3.805 87 3.889 weak 1 1 1 AlgFeNi
3.640 49 3.697 weak 2 0  1 AlgFeNi
3.529 62 3.590 weak 2 1 0 AlgFeNi
2.879 m 2.843 weak 1 10 AlgZr LI2
2.590 18 2.757 weak 3 10 AlgFeNi
2.585 21 2.592 weak 2 0 2 AlgFeNi
2.452 9 2.463 weak 3 1 1 AlgFeNi
2.391 30 2.400 weak 212,202 AlgFeNi
2.338 100 2.336 Very strong 1 1 1 a-Al
2.322 11 2.324 weak 3 1 1 AlgFeNi
2.233 93 2.268 medium 2 12 AlgFeNi
2.152 48 2.167 weak 1 2 2 AlgFeNi
2.132 28 2.147 weak 4 0 0 AlgFeNi
2.109 19 2.119 weak 3 2 0 AlgFeNi
2.024 47 2.034 strong 2 0 0 a-Al
1.9968 4 2.006 weak 2 2 2 AlgFeNi
1.9624 43 1.975 medium 401,411 AlgFeNi
1.431 22 1.436 medium 2 2 0 a-Al
1.360 vw 1.395 Veiy weak 221,300 AlgZr LI2
1.221 24 1.224 medium 3 1 1 a-Al
1.169 7 1.174 weak 2 2 2 a-Al
1.0124 2 1.014 Very weak 4 0 0 a-Al
0.9289 8 0.930 Very weak 33 1 a-Al
0.9055 8 0.907 Very weak 4 2 0 a-Al
a-Al: card 4-787
AlgFeNi:card 30-7 AlsZr Ll2:0hashi and Ichikawa, 1972
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A P P E N D IX  A 5
C C od es U sed  for the C alculations o f  V e lo c itie s  and H eat 
Transfer C oeffic ien ts o f  G as A tom ised  P ow der Particles
Codes used for the calculations of velocities and heat transfer coefficients of gas 
atomised powder particles.
# include <stdio.h>
#include <sti*ing.h>
#include <math.h>
#include <stdlib.h>
#include "gas.h"
y * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * *
get_string - get string from user with prompt
Return pointer to string of input text, prompts user with string 
passed by caller. Indicates error if string space could not be 
allocated. Limited to 80 char input.
char *get_string(char *prompt_string)
prompt_sti'ing string to prompt user for input
* * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * y
char *get_string(char *title_string)
{ char * alpha; /* result string pointer */
alpha = (char *) malloc(80); 
if(! alpha) {
printf("\nString allocation error in get_string\n"); 
exit(l);
}printf("\n%s : ", title_string); 
gets(alpha);
return (alpha);
}
y * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * *
get int - get integer from user with prompt and range
Return integer of input text, prompts user with prompt string 
and range of values (upper and lower limits) passed by caller.
int get_int(char *title_string,int low_limit,int uplimit)
title string string to prompt user for input 
low limit lower limit of acceptable input (int) 
up limit upper limit of acceptable input (int)
*************************************************************************y
int get_mt(char *title_string, int low limit, int up_limit)
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{ int i, error_flag;
char *cp, *endcp; /* char pointer */
char *stemp; /* temp string */
/* Check for limit error, low may equal high but not greater */ 
if (low limit > up limit) {
printf("\nLimit error, lower > upper\n");
exit(l);
}
/* make prompt string */ 
stemp = (char *) malloc(stiien(title_string) + 60); 
if(lstemp) { 
printf("\nString allocation error in get_int\n"); 
exit(l);
}sprintf(stemp,"%s [%d...%d]",title_string,low_limit,up_limit);
/* get the string and make sure i is in range and valid */
do {
cp = getstring(stemp); 
i = (int) strtol(cp, &endcp, 1 0 );
error_flag = (cp — endcp) || (*endcp 1= '\0 ’); /* detect errors */ 
ffee(cp); /* free string space */
} while(i < low limit || i > up limit || error_flag);
/* fr ee temp string and return result */ 
free(stemp);
return (i);
}
y * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * *
gas values - Get gas values for one of the following: He, N2, Ar
Returns a pointer to the gas structure with the values for one 
of the above three gases set.
struct gas *gas_values(int choice)
choice an integer between 1 to 3 is used for selecting the values 
for one of the three gases mentioned above.
* * * * * * * * * * * * * * * * * * * * * * * * * * * * * * ********************* **********************y
Struct gas *gas_values(int choice){ struct gas *gasp;
gasp = (struct gas *) malloc(sizeof(*gasp)); 
if (Igasp) {
printf("Cannot allocate memory for gasp in gas_values()\n"); 
exit(l);
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}}
/* Gas properties at 273 K, 1,013 bar */ 
switch (choice) { 
case 1 :
gasp->M_w = 4.008; 
gasp->K= 1.63; 
gasp->dg = 0.18; 
gasp->vg = 0.0000187; 
gasp->t_cond = 0.15; 
gasp->Pr= 0.705; 
break;
case 2 :
gasp“>M_w = 28.02; 
gasp->K= 1.4; 
gasp->dg =1.251; 
gasp->vg = 0.0000165; 
gasp->t_cond = 0 .0 ; 
gasp->Pr = 0.0; 
break;
case 3:
gasp->M_w = 39.95; 
gasp->K= 1.65; 
gasp->dg= 1.784; 
gasp->vg = 0 .0 0 0 0 2 1 2 ; 
gasp->t_cond = 0 .0 ; 
gasp->Pr = 0.0; 
break;
}
return (gasp);
y * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * *  
get temperature - Calculate the temperature 
The value returned is the temperature for the gas in Kelvin, 
float get_temperature(void)
* * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * y
float gettemperature(void)
( float T = 0.0, temperature = 0.0;
printf("Enter gas temperature at rest in Celsius: "); 
scanf("%f', &T); 
temperature = T + 273.0;
return (temperature);
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y * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * *
get_diameter - Calculate the diameter o f  the particle 
Returns the particle's diameter, 
float get_diameter(void)
float get_diameter(void)
{
float diameter =  0.0;
printf("Enter particle diameter (im): "); 
scanf("% f, &diameter); 
diameter = diameter / 1000000.0;
return (diameter);
}
y** * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * *  I
get_melt_density - Calculate the m elt density 
Return the melt density 
float get_melt_density(void)
* * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * * y
float get_melt_density(void)
{
float m eltd en sity  = 0.0;
}
printf("Enter melt density (kg/m3): "); 
scanf("% f, &melt_density);
return (melt_density);
void print_results(FILE *fp, float h e, float x, float upo, float ugi, int i)
{
static bool flag = true;
i f  (flag =  true) {
printf("hc (W /m2*K) z (m) Up (m/s) U g (m/s)\n"); 
p r i n t f ( " = = = = =  = = = = = =  =   - \n");
fprintf(fp, "he (W /m2*K) z (m ) Up (m/s) U g (m/s)\n"); 
%rintf(fp, " = = = = = =  ===== — == = = -=  - = = = = \ n " ) ;
}
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switch (i) { 
case i:
/* Display the results on the screen */ 
printf("\t\t %f\t %f\t %f\n", x, upo, ugi); 
printf("\n");
/* Write results to a text file on disk */ 
fprintf(fp, "\t\t %f\t %f\t %f\n", x, upo, ugi); 
fprintf(fh, "\n"); 
break;
case 2;
/* Display the results on tiie screen */ 
printf("%f\t %f\t %fvt %f\t\n", h e, x, upo, ugi);
/* Write results to a text file on disk */
fprintf(fp, "%f\t %f\t %f\t %f\t\n", h e, x, upo, ugi);
break;
}
flag =  false;
float vpar(float Vp, float Vg, float acc, float ds)
{ float dt = 0,0, Vpn = 0.0;
if (Vg > Vp) { /* The particle accelerates */
dt = (-Vp + sqrt(Vp * Vp + 2 * acc * ds)) / acc;
Vpn = 2 * (ds / dt) - Vp;
} else if (Vg < Vp) { /* The particle deccelerates */
dt = (Vp - sqrt(Vp * Vp + 2 * acc * ds)) / acc;
Vpn = 2 * (ds / dt) - Vp;
}
return (Vpn);
float heat_tran_coeff(float th cond, float di, float Rn, float Pn)
{
float htc; /* htc stands for heat transfer coefficient */
htc =  th cond /  di * (2 + 0.6 * sqit(Rn) * pow(Pn, 0.33)); 
return (htc);
}
#ifhdefG A S_H  
#define G A S H
#define R  8314 /* J/mol*K */
struct gas {
float M  w; /* g/mol */
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float K; /* K = Cp/Cv */
float dg; /* kg/m3 */
float vg; /* Pa*s */
float t_cond; /* W/m*k */
float Pr; /* Prandl Number */
typedef enum { 
false = 0 , 
true = 1
} bool;
struct gas *gas_vaiues(int choice);
char *get_string(char *title_string);
int get_int(char *title_string, int low_limit, int up limit);
float get_temperature(void);
float get_diameter(void);
float get_melt_density(void);
void print_results(FILE *fp, float h e, float x, float upo, float ugi, int i);
float vpar(float vp, float vg, float acc, float ds);
float heat_tran_coeff(float th cond, float di, float Rn, float Pn);
#endif
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